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ABSTRACT 
 
This investigation has examined the mechanisms controlling the 
precipitation of various alpha (α) phase morphologies which form during the 
elevated temperature beta(β)→beta(β)+alpha(α) phase transformations in 
TIMETAL Low Cost Beta (TIMETAL LCB, Ti-6.8Mo-4.5Fe-1.5Al, in wt.%). 
Alpha (α) phase precipitation was promoted by aging the TIMETAL LCB 
specimens in the α+β two phase region. The temperature range considered was 
between 700-745oC.The specimens were isothermally aged for successively 
increasing times, starting at 30 seconds until the equilibrium microstructure was 
achieved. Solution treated and aged TIMETAL LCB specimens were investigated 
using x-ray diffraction (XRD), optical (OM) and scanning electron microscopy 
(SEM), electron backscattered diffraction (EBSD) and quantitative image analysis 
techniques. 
EBSD analysis indicated that, the grain boundary character distribution in 
the single phase, solution treated TIMETAL LCB can be controlled and modified 
by the proper choice of solution treatment schedule. Quantitative image analysis 
measurements also showed that, grain boundaries within the single phase 
microstructure tend to reduce their overall energy by decreasing the surface area 
of high energy boundaries during grain growth.  
During isothermal aging, the β phase decomposes into three different α 
morphologies. These morphologies can be classified using the system developed 
 iii 
by Dubẻ as a) grain boundary allotriomorphs (αGRB), b) widmenstätten side plates 
(αWSP) and c) widmenstätten intragranular plates (αWIG). 
SEM examination of the aged microstructures showed that, grain 
boundary alpha allotriomorphs (αGRB) are the first transformation morphology to 
appear, independent of the aging temperature. Precipitation of αGRB does not 
occur simultaneously on the entire grain boundary area during the early stages of 
the transformation and αGRB distribution is confined to select grain boundaries. 
EBSD analysis indicated that, the specific choice of a particular grain boundary is 
based on the orientations of the αGRB and β grains. In each instance, αGRB hold a 
Burger’s orientation relationship (OR) with respect to one of the adjacent β grains 
and lower the activation energy barrier required during precipitation. Further 
reduction in the activation energy barrier is possible if the orientation relationship 
between αGRB particles and the adjacent β matrix slightly deviates (typically 7-8o) 
from an exact Burger’s OR.  
Quantitative image analysis measurements showed that, the uniformity of 
αGRB precipitates increases with increasing aging time and decreasing 
undercooling. Untransformed grain boundary area at high undercoolings involves 
the low angle boundaries.  
Once the orientation of αGRB is established, widmenstätten side plate 
morphology (αWSP) grows into the β matrix from αGRB with the same orientation. 
αWSP particles also maintain a Burger’s OR with one of the adjacent β grains and 
grow into this grain. SEM examination suggests that, evolution αWSP morphology 
 iv 
is controlled by the formation of micron sized facet along the grain boundaries 
with the increasing surface area of micron sized facets at lower undercoolings 
being associated with higher αWSP volume fraction. 
The final β→β+α transformation involves the homogenous nucleation of 
widmenstätten intragranular plates (αWIG) within the matrix grains. The driving 
force for the formation of αWIG is the volume free energy change and increases 
with decreasing undercooling. As a result, the volume fraction of αWIG particles 
increases with decreasing aging temperature.  
Jonhson-Mehl-Avrami (JMA) analysis implied that, overall phase 
transformations up to 745oC can be described by two stages. At temperatures 
below 745oC, the transformation includes rapid lengthening of grain boundary 
alpha particles which consume the available heterogeneous nucleation sites 
early during the reaction. Further progression of the β→β+α transformation takes 
place by the lengthening of the side plates into the β matrix. The first stage is 
terminated when αGRB+αSP reaches its equilibrium state. The second stage of the 
transformation is controlled solely by the two dimensional thickening of the 
intragranular alpha plates. At 745oC, β→β+α transformation takes place at a 
single stage. Grain boundary alpha is the only transformation product available at 
this temperature and the transformation is controlled by the thickening of grain 
boundary alpha precipitates.  
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CHAPTER I 
 
INTRODUCTION 
 
Metastable beta (β) titanium alloys are receiving ever-increasing attention 
for possible incorporation in automotive suspension systems [1-10]. Their high 
strength to density ratio, high toughness and low modulus make them attractive 
candidates for these applications [11, 12].In general, metastable β titanium alloys 
exhibit relatively low  strengths in the un-aged condition which limits their use in 
structural applications[12,13]. However, these alloys are age hardenable; their 
strengthening being achieved through the precipitation of secondary phases [14-
20].  
Essentially precipitation behavior of the alpha (α) phase in metastable β 
titanium alloys can be characterized by two distinct temperature regimes: a) low 
temperature regime, where β phase may transform first into a metastable 
“transition” phase followed by the precipitation of equilibrium α phase and b) high 
temperature regime, in which the β phase directly decomposes into various α 
phase morphologies resulting in the equilibrium α+β microstructure. A typical 
morphological development sequence within the high temperature regime 
includes heterogeneous precipitation of α phase on the grain boundaries followed 
by side plate growth in the vicinity of the aforementioned grain boundary α and 
intragranular alpha precipitation within the β matrix [21].  
The low temperature phase transformations of metastable β titanium 
alloys have been studied extensively [22-28]. There are also numerous studies 
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reporting the direct decomposition of metastable β phase into equilibrium α at 
elevated temperatures with the primary emphasis being the effect of thermo-
mechanical processing variables, impurities and solute elements on the α phase 
volume fraction and morphology [29-35]. Only a few of these studies have 
focused on the global β to α phase transformation kinetics [30-35].  
Morphological development of precipitates is not only governed by kinetic 
factors such as time and temperature but also by the grain boundary structure 
and the crystallographic relationships between the precipitate and matrix. Effect 
of grain boundaries on the precipitation of second phases has been the subject 
of several investigations in Al- and Fe- based alloys [36-45]. However, there have 
been relatively few attempts to relate the grain boundary structure to the 
nucleation and growth of alpha particles in titanium alloys [46-52]. In general, the 
main focus of these studies has been the precipitation of the α phase in the α/β 
titanium systems [48-52].  
The objective of this study was to bring an understanding to the 
mechanisms controlling the precipitation of various α phase morphologies which 
form during the elevated temperature β→β+α phase transformations in TIMETAL 
LCB by investigating the: 
1) effect of solution treatment conditions on the grain and grain boundary 
structure; 
2) decomposition sequence of β phase into various α phase morphologies 
at temperatures close to Tβ; 
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3) contribution of various alpha phase morphologies on the overall 
transformation kinetics; 
4) role of crystallographic relationships between these morphologies and 
the β phase on the progression of phase transformations. 
Such an understanding is of primary importance to predict the final 
microstructure and achieve a wide variety of microstructure/property 
combinations through altering the thermo mechanical processing conditions.  
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CHAPTER II 
BACKGROUND 
2.1. Understanding the Metastable β Titanium Alloys 
In researching titanium for use in the automotive industry, a complete 
explanation of how titanium is processed to yield usable alloys is necessary. 
Titanium is abundant in the earth's crust and is extracted from its ore minerals, 
rutile ( 2TiO ) and ilmenite ( 3FeTiO ), through Kroll’s Process [1]. This process 
involves treatment of the ore with chlorine gas ( 2Cl ) to produce titanium 
tetrachloride ( 4TiCl ), which is then purified and reduced to a metallic titanium 
sponge by reacting with magnesium or sodium. The chemical process involving 
the reduction of rutile through magnesium can be described as follows: 
CO2TiClC2Cl2TiO 422 +→++  2.1a 
 
Ti)l(MgCl2Mg2TiCl 24 +→+  2.1b 
 
At room temperature, unalloyed titanium has a hexagonal closed packed 
structure (hcp) and is referred to as the (α) phase. Upon exceeding the ‘β-
transus’ temperature (Tβ=882.5oC), α titanium transforms into a body centered 
cubic (bcc) structure [2]. This transformation is depicted in Figure 2.1. 
 Pure titanium can be blended with other metallic elements to obtain a 
titanium alloy. The primary reasons for alloying titanium is to alter the α→β 
transformation temperature and to introduce a two phase range where α- and β-  
 11 
 
Figure 2.1.Schematic illustration of β (bcc)→α (hcp) transformation in pure 
titanium. Tβ=882.5oC 
 
phases coexist. Depending on their influence on the β-transus temperature, 
these alloying elements can be sub-divided in three categories: a) neutral 
elements, b)alpha stabilizing elements and b) beta stabilizing elements [3]. 
Alloying elements, that have only a minor influence on the β-transus 
temperature, are called the neutral elements (Figure 2.2a). Alpha stabilizing 
elements increase the β-transus temperature and widen the α phase stability 
range (Figure 2.2b). In contrast the β stabilizing elements lower the β-transus 
temperature restricting α phase field and can be separated into two: a) β-
isomorphous and b) β-eutectoid elements. While β-isomorphous elements exhibit 
complete solubility with β titanium (Figure 2.2c),  the β-eutectoid stabilizing  
 12 
 
 
Figure 2.2.Typical equilibrium binary phase diagram of titanium with a) neutral b) 
alpha stabilizing c) β isomorphous alloying element and d) a β eutectoid alloying 
element 
 
elements have restricted solid solubility in β titanium and form a two phase 
α+intermetallic compound region through a eutectoid decomposition of the β 
phase (Figure 2.2 d). 
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Insufficient amounts of β stabilizing elements result in a martensitic 
transformation of the β phase upon quenching from the β phase field. However, 
by adding sufficient amount of β stabilizing elements, it is possible to lower the 
martensitic transformation temperature (Ms) to below room temperature and 
retain the β phase structure upon quenching, shown in Figure 2.3. A “metastable 
beta (β) titanium alloy” can be defined as any titanium composition with enough β 
stabilizer content to retain the β phase, without decomposing into martensite, 
upon quenching to room temperature from elevated temperatures within the 
single phase β field [4].  
This phase stability of alloyed titanium alloys is generally defined by 
“molybdenum equivalent (MoEq.)” and “aluminum equivalent (AlEq.)” and is 
calculated in the following manner [5,6] : 
)Al.%wt(0.1)Cr.%wt(6.1Fe.%)wt(9.2)Ta.wt(22.0
)Nb.%wt28.0()W%wt44.0)V.%wt(67.0)Mo.%wt(0.1MoEq
−+++
+++=
 
2.2a 
 
)Sn.%wt(33.0)Zr.%wt(17.0
)C.%wt(0.10)N.%wt(0.20)O.%wt(0.10)Al.wt(0.1.AlEq
++
+++=
 
2.2b 
 
In general, metastable β titanium alloys have a MoEq. higher than 10, as 
quantified in Figure 2.4 [4]. For example the MoEq. of TIMETAL LCB is given by: 
18)444.1(0.1)646.4(9.2)465.6(0.1MoEq ≈−+=  2.3a 
 
After blending with various alloying elements titanium is typically vacuum-
melted. Several melting operations may be required to achieve a homogeneous 
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Figure 2.3.Pseudo binary phase diagram of titanium and a β stabilizer. βc and βs 
are the minimum β stabilizer content for metastable and stable beta titanium alloy 
formation,  respectively [4]. 
 
 
Figure 2.4.Molybdenum equivalence of various metastable β titanium alloys. 
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ingot which is then processed into useful shapes [7-9]. Processing of metastable 
β titanium alloys typically involves a hot working operation, which is then followed 
by an aging treatment [10]. A brief manufacturing process of metastable β 
titanium alloys is shown in Figure 2.5 [12]. 
The bcc crystal structure of the β phase offers excellent deformability; 
therefore, processing (forging, extrusion or rolling) of richer β titanium alloys 
include working within the β-phase field (β-processing). Alternatively, β 
processing followed by α+β processing can be preferred for leaner alloys such as 
TIMETAL LCB [11]. The β processing results in a single phase microstructure, 
whereas the α+β processing route establishes a two phase microstructure. The 
primary purpose of the aging treatment, preceding hot working operation, is to 
strengthen the metastable β matrix. In Figure 2.6a, primary alpha, αp (the first 
transformation product that forms when the temperature drops below the β-
transus [11]) and super saturated β phase of hot worked TIMETAL LCB is 
shown. Figure 2.6b demonstrates the resultant fine, needle-like precipitates of 
secondary alpha, αs (the transformation product that forms during aging) of aged 
metastable β titanium alloy.  
Precipitation of αp has two major influences on the properties of 
metastable β titanium alloys [4]. First, it increases the stability of the β matrix and 
reduces the driving force for the martensitic decomposition of the β phase, both 
during quenching and aging. Second, αp particles limit the mobility of β grain 
boundaries during recrystallization and grain growth. 
 16 
 
Figure 2.5.Schematic of metastable β titanium alloy manufacturing. 
 
 
Figure 2.6.BSEI micrograph of a)  α+β processed b) aged TIMETAL LCB, work 
done for this project.  
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The αp particles were thought to have an indirect influence on the strengthening 
of metastable β titanium, however, a recent work has shown that, under 
equivalent tensile properties, α phase volume fraction, and prior beta grain size 
the high cycle fatigue (HCF) behavior of metastable beta titanium alloys is 
controlled by the contiguity of grain boundary alpha phase, a higher contiguity 
ratio being associated with a decreased crack initiation resistance. The evidence 
of HCF crack initiation at the α/β interface in TIMETAL LCB is shown in Figure 
2.7 [13-15].  
In general, the strengthening of the metastable β matrix is achieved by the 
precipitation of extremely fine size and uniform distribution of secondary alpha 
particles (αs) because αs precipitates increases the number of α/β interfaces 
available and act as slip barriers. 
The morphology and the volume fraction of αs, has a direct effect on the 
mechanical properties of the metastable β titanium alloys. Among the factors that 
influence the morphology and the volume fraction of αs particles are the solution 
treatment [16, 17] and aging conditions [18-20], the amount of α stabilizing 
elements [19,20] and hot working history [22-34]. As an example, the influence of 
aging temperature on the room temperature tensile properties of TIMETAL LCB 
is given in Table 2.1 [12]. 
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Figure 2.7.Evidence of high cycle fatigue crack initiation at the grain boundary 
α/β interface in TIMETAL LCB (work done for this project) 
 
Table 2.1.Effect of aging temperature on the room temperature tensile properties 
of TIMETAL LCB[33]. 
 
Aging 
Temperature 
(oC) 
UTS*(MPa) 0.2 YS** 
(MPa) 
Elongation(%) Reduction in 
Area(%) 
520 1502 1469 9 30.5 
550 1382 1338 12 45.1 
580 1296 1269 15 54.4 
*UTS:Ultimate tensile streght 
**YS: Yield Streght 
 
 
 
 
 
 
 
 
2 µm 
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2.2. Understanding the Overall Transformation Kinetics of Metastable β 
Titanium Alloys 
 
In metastable β titanium alloys, decomposition of the β phase starts when 
the temperature of the alloy decreases below the critical temperature of β phase 
stability, Tβ. Depending on the holding temperature, β phase may decompose 
into α or ω phases. The kinetics of phase transformation below Tβ can be 
quantitatively described by a Time-Temperature-Transformation (TTT) curve, as 
shown in Figure 2.8 [35].  
 
 
Figure 2.8.Isothermal Time-Temperature-Transformation Diagram for Ti-6.5 Mo-
4.5Fe-1.5Al [35] 
 
This curve is defined by the locus of points which represent the time  
required to nucleate a detectable degree of transformation (typically 1%), at 
constant temperature. In other words, the progress of an isothermal phase 
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transformation is plotted on a TTT curve to depict the relationship between the 
temperature(plotted linearly) and the reaction time (plotted logarithmically) for 
fixed fractional amounts of transformation.  
In the past, Johnson-Mehl Avrami (JMA) equation [41-44] has been 
successfully used to describe the progress of a large number of diffusion 
controlled reactions that occur in metastable β titanium alloys [36-40], therefore 
the JMA equation will be derived next. 
Upon deriving the JMA equation, the first reaction to be considered 
includes β→α transformation where the entire β matrix is consumed by the 
product phase α. In general, formation of α from β phase starts only after a 
critical incubation period, τ. If  G  is the growth rate of alpha particles, the volume 
αv  of a single α particle at any given reaction time, t is given by:  
if   t<τ 




τ−
=να mm
V )t(GK
0
 
if   t>τ 
2.4 
   
where VK  is the volume shape factor and m  is related to the dimensionality of 
growth. For example, when three dimensional spherical particles evolve under 
isotropic, interface controlled growth conditions; 3m =  and pi=
3
4KV , whereas 
2
3m =  when the α/β interface migrates under diffusion-controlled growth. The  
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Figure 2.9.Schematic illustration of successive steps during β→α transformation. 
Alpha particles grow into and through each other and nucleation happen 
everywhere including in regions that have already transformed.  
 
β→α transformation will terminate by the impingement of the adjacent growing 
particles. However, in deriving the JMA equation, the possibility of the 
impingement is at first ignored, allowing the α particles to grow into and through 
each other and for nucleation to happen everywhere, including the regions that 
have already transformed, shown in Figure 2.9. 
An extended volume ( eVα ) can then be defined which includes particles 
that have formed in the un-transformed as well as in the already transformed 
regions. The increase in the extended volume due to these new particles 
nucleating in any given time interval between τ  and τ+τ d  can be given as: 
τ= αα IVdvdVe  2.5 
 
Substituting equation 2.4 into 2.5 gives: 
( ) ∫
=τ
α ττ−=
t
0
mm
V
e d)t(IGVKV  2.6 
 
where I  is the nucleation rate per unit volume and V is the total volume.  
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It should be noted that, not all the increase in the extended volume is real. 
To find the actual transformed volume, contributions from particles that have 
formed in the regions that have transformed earlier during the reaction must be 
excluded. Of the new elements which make up edVα , a fraction 





−
α
V
V1  on the 
average will lie in the untransformed volume and contribute to the increase the 
real volume αdV . If it is assumed that nucleation occurs randomly throughout the 
volume, increase in the actual transformed volume, αdV , at any given time 
interval can be given as: 
 
edV
V
V1dV ααα 





−=  
2.7a 
 






−−=
α
α V
V1lnVVe  2.7b 
 
Substituting in to equation 2.6 into 2.7b gives: 
∫ ττ−=





−−
α
t
0
mm
V d)t(IGKV
V1ln  2.8 
 
Equation 2.8 may be integrated by making specific assumptions about the 
variation of nucleation rate with time [45]. These assumptions are as follows: 
1) Nucleation is assumed to take place randomly in the β matrix  
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2) The number of nucleation sites per unit volume of the β phase is oN  at 
the beginning of the transformation. 
3) As the α phase nucleates and grows these sites are gradually 
exhausted.  
If the number of sites remaining after time t is N , and the frequency at 
which an available site becomes a nucleus is v , then the number of disappearing 
sites (dN) in a further time interval τd  may be given as: 
τ−= NvddN  2.9a 
 
)vexp(NN o τ−−=  2.9b 
 
The nucleation rate per unit volume can then be given as: 
)vexp(vN
dt
dNI o τ−==  2.10 
 
Substituting equation 2.10 into 2.8 and integrating by parts gives: 
















−+−−−==
α
α
!m
tv
....
2
tv
vt1)vtexp(
v
NGK
exp1
V
Vf
mm22
m
o
m
V
 
2.11 
 
The two limiting forms of equation 2.11 correspond to very small or very large vt . 
Very small vt  values imply a constant nucleation rate and equation 2.11 can be 
evaluated by expanding )vtexp(− . This operation gives αf  as: 
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[ ]1momV tNGKexp1VVf +
α
α
−==  
2.12 
 
Very large vt  values, correspond to a situation where all the available 
nucleation sites are consumed at the very early stages of transformation. The 
nucleation rate for the entire transformation is then assumed to be zero. This 
limiting case gives αf  as: 
)tGNKexp(1
V
Vf mmoV−−==
α
α
 
2.13 
 
In general, the time exponent can be replaced with a generalized constant n  
which is referred as the Avrami constant and the ( )moV GNK  term in equation 
2.13 can be expressed as a single rate constant, k . As a result, a generalized 
form for the JMA equation is obtained and given as. 
)ktexp(1
V
Vf n−−==
α
α
 
2.14 
 
The values of k  and n  can be determined from the plots of 





−
αf1
1lnln  versus 
tln . 
Reaction kinetics considered so far took into account the transformation of 
the entire starting volume into the second phase α. For precipitation reactions 
occurring in TIMETAL LCB, however, only a given fraction of the β phase 
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assembly transforms into α phase and the amount of the transformed volume is 
found by considering the conservation of solute atoms [45]: 
αβ
β
α
−
−
=
MoMo
bulk
MoMo
eqm
CC
CC
V
V
 
2.15 
 
where βMoC  and 
α
MoC  are the solute concentrations in the matrix adjacent to the 
α phase and in the precipitate, respectively, whereas bulkMoC  defines the bulk, 
concentration. The volume of α at a given time during the β→β+α transformation 
is given as )t(Vα , and the α phase  volume fraction may be expressed as: 




−
−






= β
αβα
α
α
m
eqm cc
cc
V
)t(V
V
)t(V
 
2.16 
 
Re-writing the extended volume for diffusion controlled reactions gives:  
e
eam
dV
V
)t(V1)t(dV αα
α
α 







−=  
2.17a 
 








−−=
α
αα
α
eqm
eqm
e
V
)t(V1lnVV  2.17b 
       
Substituting equation 2.6 into 2.18b and re-arranging gives: 
( )








ττ−








−
−
−−= ∫
=τ
β
αβα
dtVGK
cc
cc
exp1
V
)t(V t
0
m
Vmeqm  
2.18 
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Equation 2.18 leads to the usual form of the JMA equation with 
2
5
n =  for 
constant nucleation rate and 
2
3
n =  for early site saturation. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 27 
2.3. Understanding the Nucleation of Alpha Phase in Metastable β Titanium 
Alloys 
 
Majority of phase transformations occurring in the solid state are 
accompanied by rearrangement of atomic structure. In addition to a structure 
change, a phase transformation may alter the bulk composition or introduce 
strain [45]. 
Consider a binary Ti-Mo metastable β titanium alloy as a model system. If 
this alloy, with a specific composition oc , is solution treated above the β-transus 
temperature ,cooled rapidly to T1 and held at this temperature for a given amount 
of time α phase particles, lean in Mo, will begin to precipitate enriching the β 
matrix in Mo, as illustrated in the phase diagram given in Figure 2.10.  
However, the β→β+α transformation does not proceed spontaneously 
upon reaching the temperature T1. Initially, thermal agitation results in unstable 
compositional fluctuations within the system. Typically, below a critical size entire 
fluctuations tend to decay. Occasionally, however, a fluctuation becomes large 
enough that, addition of another atom decreases the free energy of the system. 
The fluctuation is then said to be stable and grows into macroscopic dimensions. 
These fluctuations, through which the smallest stable aggregate of a more stable 
phase develops from the matrix phase, are known as nucleation. The fluctuation 
with the same probability of growing or decaying is called a critical nucleus. A 
fluctuation of any size, on the other hand, is referred as a cluster [46]. 
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Figure 2.10. The equilibrium phase diagram showing the isothermal solid-solid 
transformation of β→β+α at T1. cα and cβ are equilibrium compositions of α and β 
phases respectively. co represents the alloy composition.  
 
The free energy change, oG∆ , accompanying the β→β+α transformation 
will have the following contributions [47]: 
1) At temperatures where the α phase is stable, creation of an α phase 
volume V will cause a volume free energy reduction of VGV∆ . 
2) The barrier to nucleation, i.e. the reason why fluctuations under a 
critical size tend to decay is the extra free energy, γ , associated with the 
α/β interface. 
3) In solid-solid phase transformations volume or shape changes, due to 
precipitation of a second phase, may result in misfit strain energy, sG∆ , 
proportional to the volume of the precipitate. 
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2.3.1. Volume Free Energy 
Consider a single phase metastable β titanium alloy with a bulk of 
composition oc , and quenched to a temperature T1 below the β-transus 
temperature. The free energy composition diagram of the β phase is given in 
Figure 2.11.  
 
 
Figure 2.11. Schematic for the graphical determinations of the free energy 
change associated with the precipitation of α phase. 
 
The free energy per mole of the β phase with a bulk composition of oc  is 
equal to oG  and precipitation of a small amount of α precipitate with a 
composition of αc , increases the composition of the β phase to βc . The curve 
representing the free energy of the α phase as a function of composition is also 
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given in Figure 2.11. The free energies of the alloy system before ( initialG ) and 
after ( finalG ) the α phase precipitation can be given as [48]: 
o21 G)nn()initial(G +=  2.19a 
 
2211 GnGn)final(G +=  2.19b 
 
where 1n  and 2n  are the number of moles of β and α phases in the two phase 
α+β mixture. The relationship between 1n  and 2n  can be given as: 
o
o
2
1
cc
cc
n
n
−
−
=
β
α
 
2.20 
 
The free energy change associated with the formation of the α precipitate is the 
difference between the free energies of the system before and after precipitation  
and can be given as: 
)initial(G)final(GG −=∆  2.21 
 
Combining equation 2.18, 2.19 and 2.20 and substituting into 2.21 gives: 
( )








−








−
−
−−=∆
β
α
1o
o
o
o22 GGcc
ccGGnG  2.22 
 
Typically, the first α nuclei to form will not significantly alter the bulk composition 
of the β matrix and it can be assumed that β≈ cco . Re-writing equation 2.22 
gives: 
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( )














−−−=
∆
=∆
=
α
occ
oo2
2
n dc
dG
ccGG
n
GG  2.23 
 
and the volume free energy decrease associated with nucleation is given by: 
m
n
v V
GG ∆=∆  2.24 
 
where mV  is the molar volume of α phase. 
The term o2 GG −  can be found directly from the G versus composition graph 
given in Figure 2.11. The term 
occ
dc
dG
=






 is the slope of the tangent to the curve 
βG  at oc  and ( )
occ
o dc
dG
cc
=
α 





−  is the distance given as AB . For dilute 
solutions CGv ∆∝∆  [47]. C∆  and may be given as: 
oCCC −=∆ β  2.25 
 
Further, C∆  is directly proportional to the undercooling, T∆ . As a result, the 
driving force for precipitation of alpha phase increases with increasing 
undercooling below the β-transus temperature.  
2.3.2. Surface Free Energy 
Surface free energy may be defined as the change in the free energy of a 
system when a unit area of the precipitate/matrix interface is generated [49]. In 
other words, it is the energy associated with the chemical bonds that are broken 
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to generate a new surface. Interphase boundaries in solids can be divided in 
three based on their atomic structure. These are coherent, semicoherent and 
incoherent interfaces [50] 
A coherent interface forms when the two crystals match perfectly at the 
interface plane and the lattice sites are conserved in the region of the 
precipitate/matrix interface. Fully coherent interfaces are associated with very low 
surface energies. For example, in Cu-Si alloys precipitate/matrix interfacial 
energies as low as 1erg/cm2 has been reported [51]. This value can be 
compared to several hundreds ergs/cm2 for a random precipitate matrix interface.  
 From an energy stand point, it is very favorable for a precipitate to be 
surrounded by low energy coherent interfaces, however, when the precipitate 
and the matrix have different crystal structures, it may be difficult to find a lattice 
plane that is common to both phases. For certain phase combinations there may 
be one plane that is more or less identical in each crystal and by choosing the 
correct orientation relationship it is possible to form a low energy coherent or 
semi coherent interface. Usually, the number of planes of good matching is 
limited and the remaining precipitate/matrix interfaces have relatively higher 
energies [47]. 
 When the two phases have completely different crystal structures or when 
the two lattices are in a random orientation it is very difficult to form a coherent or 
semicoherent interface and the precipitate/matrix interface adopts an incoherent 
structure. The surface energy of an incoherent interface is expected to be very 
 33 
high and similar to that of a high angle boundary, which approaches to 500 
ergs/cm2 [52].  
 When the precipitate and the matrix are strain free, the optimum 
precipitate shape may be found by minimizing the total interfacial energy, ∑ γiiA  
and the equilibrium shape of a precipitate can be predicted from a γ -plot [53]. A 
γ -plot is a graphical method to represent the variation in surface energy with 
crystal orientation. On a γ -plot the free energy of any plane within the crystal 
may be depicted with a radial vector and has the direction of the plane normal 
and the magnitude equal to the surface energy of that plane [50]. As an example, 
the equilibrium shape of an incoherent precipitate is shown in Figure 2.12a.  
Precipitate/matrix interfaces bounding an incoherent precipitate are 
expected to have the same energy (γi) at every orientation. As a result, the 
equilibrium shape of an incoherent α precipitate approaches to a sphere, 
whereas, the γ -plot of a semi-coherent α precipitate may have two deep cusps 
normal to the low energy semi-coherent interfaces. The precipitate/matrix 
interface energy at this orientation is relatively low and is depicted as γc in Figure 
2.12b. The precipitate/matrix interface at every other orientation of a semi  
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Figure 2.12 A section through γ-plot illustrating the equilibrium shape of a 
precipitate showing a) incoherent interface at all precipitate matrix interface 
orientations. b) one coherent or semi coherent interface at only one 
precipitate/matrix interface orientation.  
 
coherent precipitate exhibit poor matching and have higher energies(γi.). As a 
result,  the precipitate shape approaches to a disc as shown in Figure 2.12b 
2.3.3. Strain Free Energy 
During solid-solid phase transformations two types of misfit strains may 
arise upon precipitation of a second phase. These are coherency and volume 
misfit strains. [47]. The coherency misfit strains are expected to arise along a 
coherent or semi-coherent precipitate/matrix interface, whereas volume misfit 
strains are the only misfit strains present when the precipitate/matrix interface is 
incoherent. The origin of coherency and volume misfit strains are demonstrated 
in Figures 2.13.a and b. 
Consider a spherical region being removed from the β phase and 
transformed into the α phase as shown in Figure 2.13a. If the volume of the α 
sphere is different then the original volume of the β sphere, the volume misfit 
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strains ( ∆ ) may arise when the α sphere is inserted back into the β matrix and ∆  
can be given as [47]: 
β
αβ −
=∆
V
VV
 
2.26 
 
where βV  is the volume of the unconstrained hole in the matrix and αV  is the 
volume of the unconstrained precipitate.  The unconstraint linear lattice misfit δ  
is given as: 
β
βα −
=δ
a
aa
 
2.27 
 
where αa  and βa  are the lattice parameters of the unconstrained α precipitate 
and β matrix. The volume misfit strain is three times the linear misfit strain for a 
coherent precipitate, whereas it is independent of the linear lattice misfit for an 
incoherent precipitate. 
The elastic strain fields may arise, if the β matrix hole and the second 
phase α are constraint to occupy the same volume. In the case of coherent 
precipitation the lattice sites are conserved at the α/β interface and the total 
elastic energy due to the precipitation of the α phase may be given as: 
V4G 2s µδ=∆  2.28 
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Figure 2.13. Schematic illustration of origin of coherency and volume strains 
during coherent and incoherent precipitation, respectively.  
 
where  µ  is the shear modulus,  V  is the volume of the unconstrained hole in the 
matrix and δ  I the unconstrained lattice misfit. Equation 2.28 assumes that  the β 
matrix is elastically isotropic and the elastic moduli for the precipitate and  matrix 
are equal. As a result, the total elastic energy arising from the precipitation of the 
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α phase is independent of its shape. The elastic strain is shape dependent when 
the precipitate and matrix have different elastic moduli. If the matrix is softer, all 
strain is accommodated by the matrix and a spherical precipitate shape will give 
the minimum elastic energy, whereas all the strain is accommodated by the 
precipitate if the precipitate is softer and the optimum precipitate shape is a disc 
[54]. Finally, if the matrix is elastically anisotropic and softer along certain 
crystallographic directions, α will have a disc shape and lie parallel to the softer 
directions. 
The elastic strain energy for a homogenous, incompressible and 
incoherent   precipitate in an isotropic matrix was calculated by Nabarro as [55]: 
( )acVf32G 2s ∆µ=∆  2.29 
 
Equation 2.29 states that elastic strain energy of an incoherent precipitate 
is proportional to the square of the volume misfit. ( )acf  takes into account the 
precipitate shape effects where  c and a are the semi axes of an ellipsoid of 
revolution. An ellipsoid of revolution may be described by the following equation: 
1
c
z
a
y
a
x
2
2
2
2
2
2
=++  2.30 
 
Various shapes that can be observed for different a
c
 ratios are tabulated in 
Table 2.2. 
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Table 2.2. c/a ratios for various second phase precipitate shapes; c and a are the 
semi axes for a given shape.  
 
Shape 
a
c
 ratio 
Sphere 1a
c
=  
Needle 1a
c >>  
Disk or Plate 0a
c
≈  
 
 
Figure 2.14 The variation of  ( )acf  with ac .  
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The variation of  ( )acf  with ac   is shown in Figure 2.14. This figure 
suggests that for a given precipitate volume, a sphere has the highest strain 
energy, whereas a disc has the minimum and a needle lies in between. 
Upon specifying the different free energy contributions to the formation of 
critical nucleus, oG∆  may be given as: 
γ+∆−∆−=∆ A)GG(VG SVo  2.31 
 
Equation 2.31 is plotted in Figure 2.15 and the general result can be summarized 
as follows: 
1)  The driving force for nucleation is the volume free energy change 
attending the nucleation plus the volume strain energy arising from the 
size and/or shape misfit between the cluster and the matrix.  
2) The strain energy reduces the driving force for nucleation.  
3) The barrier to nucleation is the interfacial free energy of the 
cluster/matrix interface.  
4) There is a critical activation energy barrier, ∗∆G , to nucleation and the 
critical nucleus size required to exceed ∗∆G  corresponds ∗r  
5) Upon exceeding this critical size, ∗r , the growth of the nucleus 
continuously reduces the free energy of the system.  
After discussing the effects of surface and strain energy on the 
equilibrium shapes of second phase precipitates, it can be concluded that  
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Figure 2.15 Variation in the free energy of the system as function of cluster size. 
 
∗∆G  and ∗r  can be determined by simultaneous minimization of strain and 
surface energy terms, however when some portion of critical nucleus is a part of 
sphere sG∆  and ε∆+∆ GGV  are proportional to 2r  and 3r , respectively. As a 
result, sG∆  increases more rapidly than ε∆+∆ GGV  decreases and for small 
values of r failure to minimize interfacial and strain energies simultaneously does  
not introduce a significant error in deriving ∗∆G  and ∗r  [56]. 
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2.3.4. Nucleation Rate 
Nucleation of a new phase generally takes place at discontinuities with in 
the matrix such as grain boundaries or dislocations, however, under suitable 
conditions such as very large under-coolings, it may also occur uniformly within 
the matrix. The former is called the heterogeneous nucleation, whereas the latter 
is referred as the homogenous nucleation. Nucleation rate of second phase 
particles are strongly influenced by the choice of a specific site.  
Nucleation rate (N ) can be defined as the rate at which new nuclei appear 
in a system [48]: 
∗
= fCN  2.32 
 
where f  and ∗C  are defined as the frequency of atoms joining the critical 
nucleus and the number of clusters that have the critical size, respectively. Two 
factors that influence f  are the vibrational frequency ( ω) of the atoms and the 
activation energy for migration, mG∆ . Within a system, the fraction of atoms with 
energy greater than mG∆  may be given as: 
)kT
Gexp( m∆−  2.33 
 
and f  may be given as: 
)kT
Gexp(f m∆−ω=  2.34 
 
Whereas ∗C  is equal to: 
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)kTGexp(CC o ∗∗ ∆−=  2.35 
 
where oC  is the number of atoms per unit volume in the β matrix, ∗∆G  is the 
critical activation energy, k and T are the Boltzman constant and temperature, 
respectively. Equation 2.35 is valid only for clusters with a radius ∗< rr  because 
clusters greater than the critical size are stable nuclei of α and are not a part of β 
phase.  
Combining equation 2.34 and 2.35 and substituting in 2.32 gives the nucleation 
rate as: 
)kTGexp()kTGexp(CN mo ∗∆−∆−ϖ=  2.36 
 
Equation 2.36 can be used to express both the heterogeneous )N( het  and the 
homogenous )N( hom  nucleation rate. The ratio of )N( het  to that of )N( hom  can 
be given as: 
)
kT
GG(exp
C
C
N
N homhet
hom
het
hom
het
∗∗ ∆−∆
−=  
2.37 
 
In equation 2.37, the differences in f  for heterogeneous and homogenous 
nucleation were ignored. Normally, f  is expected to be higher during 
heterogeneous nucleation due to the high diffusivity paths, however, the number 
of nucleation sites for heterogonous, hetC , and homogenous, homC , nucleation 
over rides the influence of f  on N . homC  is always greater than hetC . As a 
 43 
result, the dominating effect of heterogonous nucleation comes from its 
effectiveness in decreasing ∗∆G . The following section will derive the ∗∆G  for 
homogenous and heterogeneous nucleation 
2.3.5. Homogenous (Matrix) Nucleation 
When the precipitate/matrix boundary is incoherent and interfacial free 
energy is independent of boundary orientation, γ  plot predicts the equilibrium 
shape of the nucleus as a sphere. Re-writing equation 2.18 gives the free energy 
change associated with the homogenous precipitation of a spherical particle as: 
γpi+∆pi−=∆ 2V3hom r4Gr3
4Go  2.38 
 
In equation 2.38, the strain energy contribution to ohomG∆  was ignored 
because precipitate/matrix interface is incoherent. The critical fluctuation size 
above which the clusters can grow into stable nuclei is found by differentiating 
equation 2.38 with respect to r and given as: 
V
*
G
2
r
∆
γ
−=
αβ
 
2.39 
 
Upon substituting equation 2.39 into 2.38 ∗∆G  is found as: 
V
3
*
G3
16
G
∆
piγ
=∆ αβ  
2.40 
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2.3.6. Heterogenous (Grain Boundary) Nucleation 
The equilibrium nucleus shape on a disordered and planar, β/β grain 
boundary between β1 and β2 grains will be two abutted spherical caps provided 
that the matrix/precipitate interface energy is isotropic (Figure 2.16). In Figure 
2.16, the boundary area destroyed due to the formation of α phase is 
represented by a dashed line. The free energy change accompanying the 
heterogeneous nucleation of a particle is given as:  
ββββαβαβ γ−γ+∆−=∆ AAGVG Vheto  2.41 
  
where ββA  is the grain boundary area destroyed as a result of  the formation of 
the α precipitate and ββγ  is the free energy of β/β grain boundary. Letting 
θ= cosS , where θ  is the contact angle, the volume, αV , and the surface area 
, αA ,  of the nucleus is given by: 







 +−
pi= αα 3
SS32
r2V
3
3
 
2.42a 
 
[ ]S1r4A 2 −pi= αα  2.42b 
 
θ= αβ sinrr  2.42c 
 
The surface tension force balance at the junction of α, β1 and β2 may be 
expressed as the following : 
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Figure 2.16 Schematic illustration of a heterogeneous critical nucleus.  
 
θγ=γ αβββ cos2  2.43 
 
Combining equation 2.42a-c and 2.43 and substituting into 2.41 gives hetG∆  as: 
 
( )[ ] αβααα γθpi−−pi+∆







 +−
pi=∆ SsinrS1r2G
3
SS32
rG 222V
3
3
het  
2.44 
 
Rearranging equation 2.44 gives: 
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As a result the critical value for ∗r  is may be given as: 
V
*
G
2
r
∆
γ
−=
αβ
 
2.46 
 
Upon comparing of equations 2.39 and 2.46, it was concluded that, the 
critical nuclei radii for homogenous and heterogeneous nucleation are identical. 
As a result, the free energy for formation of a critical nucleus during 
heterogeneous nucleation is reduced by an amount equal to 







 +−
4
SS32 3
 from 
that of homogenous nucleation. 
Quite often, the need to minimize ∗∆G  and achieve maximum nucleation 
rate, results in a tendency to match the pattern and spacing of the matrix phase 
atoms as closely as possible at one or more precipitate/matrix boundary 
orientations. Such boundaries have relatively low interfacial energies and Lee 
and Aaronson showed that, formation of these low γ  interfaces reduces ∗∆G  
[56].  
2.3.7. Orientation Relationship Between α and β Phases 
The orientation relationship (OR) between α(hcp) and β(bcc) phases is 
important because it has a strong influence on the microstructure property 
relationships. In general, an orientation relationship between a precipitate/matrix 
system may be determined by selected area diffraction in transmission electron 
microscopy [57]. Spots in a diffraction pattern correspond to sets of 
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crystallographic planes that give rise to reflections with non-zero structure factor 
[57]. A typical spot pattern analysis includes obtaining simultaneous diffraction 
patterns from the precipitate and the matrix phases. Upon determining the zone 
axes of the spot patterns (the direction parallel to the electron beam), this 
information is plotted on a stereographic projection. Using either the 
stereographic projection or the diffraction pattern one can look for poles or 
reflections which are close together. A stereographic projection displays only 
angular relationships between the crystallographic planes, whereas a diffraction 
spot pattern shows both angles and spacings between planes. Thus, if a 
precipitate spot is close to a matrix spot the corresponding crystal planes are 
nearly parallel and have a small mismatch in spacing.  
For example, in a spot pattern obtained from a bcc/hcp system, the closed 
packed }110{  planes of the bcc phase are expected to lie parallel to the closed 
}0001{  planes of the alpha phase. The atomic arrangements of the }110{  and 
}0001{  closed packed planes are superimposed and shown in Figure 2.17a. 
Open circles represent the atoms of the in }110{  bcc plane, whereas the solid 
circles show the }0001{  hexagonal arrangement of the hcp plane. The 
symmetries of these two-dimensional arrangements are two fold and sixfold 
rotations. In spite of their different symmetries the two atomic arrangements are 
very similar and two orthogonal strains along >< 001  and >< 110  bcc directions 
are sufficient to produce one lattice from the other. As a result, the close packed 
>< 111  and >< 0211  directions in the two lattices are misaligned by an angle  
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Figure 2.17 Schematic of illustration of a) superimposed closed packed }110{  
bcc and }0001{  hcp planes b) parallel >< 111  and >< 0211  directions (shown 
with an arrow on the figure)  that was brought into coincidence by a rotation of 
hcp crystal about >< 0001  by 5.26o. 
 
 
Figure 2.18 Stereographic projection of Burgers Orientation Relationship. This 
projection is projected normal to the close packed }110{  and }0001{  planes in 
the two structures. Open circles represent the bcc pole and closed circles 
represent the hcp poles. 
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5.26o. Upon rotating  one of the lattices through this angle of 5.26o, the closed 
packed >< 111  and >< 0211  directions in beta and alpha phases may be 
brought into coincidence as shown in Figure 2.17b. This is the Burgers 
orientation relationship between bcc and hcp phases commonly observed in 
titanium alloys and can be described by a set of parallel planes and directions as 
[58]: 
{ } { }αα 1100001  
              βα 1110211  
The Burgers orientation relationship is also illustrated on a stereographic 
projection and shown in Figure 2.18. This projection is projected normal to the 
close packed }110{  and }0001{  planes in the two structures and matched to 
Figure 2.17b. Open circles represent the }111{  bcc poles and the solid circles 
depict the }0211{  hcp poles. The rectangle and a hexagon, outline the closed 
packed planes in bcc and hcp crystals, respectively. 
A given orientation relationship may have several variants [26]. For 
example, in the bcc/hcp case, there are three close packed 
α
0211  directions on 
the { }α0001  plane of the α phase. However, due to the six fold symmetry along 
{ }α0001 , three  α0211  directions are indistinguishable from one another. 
Furthermore, there are six { }β110  planes in a bcc crystal structure and each 
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{ }β110  β plane has two β111  directions. As a result, 12 variants of the Burgers 
orientation relationship can be identified in a given bcc/hcp system.   
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2.4. Understanding the Growth of α Phase in Metastable β Titanium Alloys 
 
In metastable β titanium alloys α first appears at certain sites as nuclei 
within the parent β phase during nucleation [61].Once stable, these nuclei grow 
into the matrix [61]. In diffusional phase transformations, growth of a new product 
is governed by two processes: a) migration of the precipitate/matrix interface and 
b) diffusion of solute atoms across the interface when a composition difference 
exists between the parent and precipitate phases [45, 47]. During precipitate 
growth, these two processes occur simultaneously and the slower process 
controls the overall growth rate. For example, slower diffusion of atoms 
compared to that of the interface migration rate implies diffusion controlled 
growth and the α/β interface will migrate as fast as the lattice diffusion removes 
the solute atoms into or away from the interface, whereas, interface controlled 
growth occurs if the mobility of interface is the rate limiting step. The solute 
concentration profiles ahead of a migrating α/β interface depends on the growth 
conditions and are illustrated in Figures 2.19a and b  for diffusion- and interface- 
controlled growth, respectively.  
In metastable β titanium alloys, the α phase can grow in two products. 
These are grain boundary alpha particles and plate like precipitates. In the 
following sections, mechanisms governing the growth of these two transformation 
products will be established.   
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Figure 2.19. Schematic illustration of composition profile across an α/β interface 
moving under a) diffusion-control b) interface-control growth.  
 
2.4.1. Growth of Grain Boundary Alpha Precipitates 
2.4.1.1. Thickening of Grain Boundary Alpha Precipitates 
In titanium alloys, diffusion of molybdenum (Mo) atoms is a possible 
mechanism controlling the growth of α phase into the metastable β matrix [38] 
Consider the formation a grain boundary alpha precipitate with in the β matrix 
when a metastable β titanium alloy with an initial composition bulkMoC  is quenched 
in to a temperature T1, as illustrated in Figure 2.20 The composition of alpha 
phase at temperature, T1, will be αMoC . Assuming that local equilibrium conditions 
are achieved, composition of the β at the α/β interface will be βMoC . The 
concentration difference in the α and β phases will create a driving force for the 
flux of the solute atoms and the flux of these atoms with respect to the interface 
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Figure 2.20. The binary phase diagram showing the bulk and the α/β interface 
composition. 
 
may be written as: 
α
= Mo1 VCJ  2.47a 
 
 






−=
ββ
dx
dCDVCJ Mo2  
2.47b 
 
where 1J and 2J  are the flux of Mo atoms into and away from the interface, 
respectively.  
Under steady state conditions J1 and J2 will remain balanced and the 
velocity of the interface ( V ) may be written as: 
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





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−= βα
β
dx
dC
)CC(
DV
MoMo
 
2.48 
 
The concentration profile in front of a moving interface can be simplified 
considering an approach due to Zener [62]: 
 
L
C
dx
dC oMo ∆
=  
2.49 
 
where bulkMoMoo CCC −=∆
β
 and L is the width of the diffusion zone, shown in  
Figure 2.21. L  can be obtained by considering the overall conservation of mass 
such that the solute ejected from the grain boundary α phase must be equal to 
the solute piling up ahead of the interface. As a result the overall mass is 
conserved which can be expressed in the following manner:   
( ) 2CLxCC oMobulkMo ∆=− α  2.50 
 
where x  is the thickness of the alpha precipitate.  
Re-arranging equation 2.50 gives: 
o
Mo
bulk
Mo
C
)CC(x2L
∆
−
=
α
 
2.51 
 
Combining  equation  2.49 and 2.50 to find the composition profile gives: 
)CC(x2
)C(
dx
dC
Mo
bulk
Mo
2
oMo
α
−
∆
=  
2.51 
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Figure 2.21 Simplified composition profiles across the α/β interface  
 
Noting that 
dt
dxV =  and substituting into equation 2.52 into 2.47 gives: 
 
( )( )( )ααβ −− ∆= MobulkMoMoMo
2
o
CCCCx2
CD
dt
dx
 
2.53 
 
Assuming β≈ Mo
bulk
Mo CC  and re-writing equation 2.53 gives: 
 
( )
( )2MoMo
2
o
CCx2
CD
dt
dx
αβ
−
∆
=  
2.54 
 
Integrating equation 2.53 to find the thickness of the α precipitate gives: 
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( ) DtXX
X
x
MoMo
0
αβ
−
∆
=  2.55 
 
Differentiating 2.55 to find the velocity gives: 
( ) t
D
XX2
XV
MoMo
0
αβ
−
∆
=  
2.56 
 
In conclusion; Equations2.55 and 2.56 mathematically substantiate the following 
[47, 48]: 
- Thickening of grain boundary α precipitate is time dependent and obeys a 
parabolic law. 
- For a given time, growth rate is a function of supersaturation and decreases 
with increasing time.  
2.4.1.2. Lengthening of Grain Boundary Alpha Precipitates 
Upon forming, grain boundary precipitates may quickly lengthen along the 
boundary on which they precipitated and form a thin film. In his studies on plain 
carbon steels Dube showed that lengthening rates of grain boundary ferrite 
precipitates are independent of time [63] and his approach will be used to 
understand the lengthening kinetics of grain boundary α precipitates in 
metastable β titanium alloys. The lengthening of a grain boundary α particle is 
considered to be essentially the same as that of a plate and can be given as [64]: 
( )( ))r(C)r(C C)r(Csinr4 DV MoMo
bulk
MoMo
' αβ
ββ
−
−
θ
=  
2.57 
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Figure2.22. Balance of interfacial energies assumed at the advancing edge of a 
grain boundary precipitate. 
 
Where 'r  is the radius of the curvature of a grain boundary precipitate in the area 
immediately adjacent to the junction with the grain boundary and φ  is defined as 
the supplement of the contact angle, θ , depicted in Figure 2.22. Upon replacing 
φsin'r  with 'r  (the radius of curvature of the edge of a plate) the elementary form 
of Zener-Hillert equation for plate lengthening is obtained as discussed in the 
following section.  
 
2.4.2. Growth of Plate-like Precipitates 
As a result of grain boundary growth of the α phase, a secondary phase 
forms of out of the grain boundary itself from grain boundary precipitates or within 
the grains. Dubẻ’s morphological classification system identifies two different 
plate-like precipitates which can be used to describe this secondary phase and 
are known as a) Widmenstätten sideplates b) Intragranular widmenstätten plates 
[65]. Sideplates are needle tipped plates growing directly out of a grain boundary 
or from grain boundary precipitates, whereas intragranular plates form within the 
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grains. The composition profile across an α/β interface, as a plate-like precipitate 
grows into a matrix of composition bulkMoC  is illustrated in Figure 2.23. 
As the α precipitate grows, solute ejected from the tip of the precipitate 
diffuse to the sides and the amount of solute piling up at the tip of the α/β 
interface is not equal to the solute ejected from the α precipitate. As a result, the 
concentration gradient (
dx
dC ) at the tip will be much steeper when compared to a 
growing grain boundary precipitate. Assuming that diffusion distance, L, is 
linearly proportional to the tip radius, r as: 
 
arL =  2.58 
 
Upon substituting equation 2.58 into 2.49 , the concentration gradient can be 
found as: 
ar
C
dx
dC oMo ∆
=  
2.59 
 
The velocity of the α/β interface of a plate-like precipitate can be found by 
combining 2.48 and 2.59 to give: 
)CC(
)CC(
ar
DV
MoMo
bulk
MoMo
βα
ββ
−
−
−=  
2.60 
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Figure 2.23. Composition profile along the centerline of a plate-like alpha 
precipitate.  
 
Growth kinetics of plate-like precipitate differ from the thickening of grain 
boundary α  in three main ways [48]: 
1) The growth rate of the plate-like precipitates is much higher due to the 
very small tip radius. 
2) Diffusion distance is proportional to the tip radius of a plate-like 
precipitate. As a result diffusion occurs over much shorter distances. 
3) Solute profile at the centerline of the tip of a plate-like precipitate is 
independent of time, thus growth velocity will be time independent.  
Upon deriving equation 2.60, the effect of interface curvature on the on the 
equilibrium phase diagram has not been taken into account. The interface 
curvature is expected to shift the phase boundaries and the solute concentration  
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Figure 2.24. Effect of curvature on the a) composition of the β phase infront of 
the α/β phase boundary b) composition profile along centerline of a plate-like 
precipitate 
 
at tip is reduced from βMoX  to )r(XMoβ , as shown in Figure 2.24. As a result 
of the smaller concentration gradient at the interface, tip migration rate will 
decrease. Under these conditions equation 2.59 may be re-written as: 
( )( ))r(C)r(C C)r(CarDV MoMo
bulk
MoMo
αβ
ββ
−
−
=  
2.61 
 
As )r(CMoβ → bulkMoC  the gradient will be zero and growth will cease. Therefore a 
critical tip radius ( Cr ) may be defined where )r(C CMoβ = bulkMoC .   
Recognizing that: 






−





−=−
ββ
r
r1CCC)r(C cbulkMoMobulkMoMo  2.62 
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The variation of the plate velocity with the tip radius can be given as: 
( )( )  −−−= αβ
ββ
r
r1
)r(C)r(C
CC
ar
DV c
MoMo
bulk
MoMo
 
2.63 
 
Equation 2.63 implies that  0V → as Crr → .  
Assuming that )r(X)r(X MoMo αβ −  is constant and differentiating equation 2.61 with 
respect to r gives a maximum rate at Cr2r = . Substituting this into equation 2.61 
gives the well known Zener-Hillert equation for plate like precipitate growth as 
[64, 66]: 
( )( ))r(C)r(C CCar2DV MoMo
bulk
MoMo
c
αβ
ββ
−
−
=  
2.62 
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2.5. Understanding the Grain Boundary Structure 
Polycrystalline materials are made up of small crystalline units that differ in 
orientation. These crystalline units are called grains and separated by interfaces 
called grain boundaries. Similar to other metal systems, grains and grain 
boundaries have important influences on the properties of metastable β titanium 
alloys. For example, morphology and distribution of alpha phase particles, 
consequently the mechanical properties can be improved by modifying the grain 
and grain boundary structure [67]. Since the properties of metastable β titanium 
alloys depend on the physical properties of grains and grain boundaries an 
understanding of the nature of these microstructural features provides a useful 
background in studying phase transformations.  
In three dimensions, a grain boundary can be described by the orientation 
of two crystals with respect to each other and the orientation of the boundary 
plane relative to one of these crystals. In general three degrees are required to 
specify the orientation of one grain relative to the other and two degrees to 
specify the orientation of the boundary relative to one of the grains [68].  
A common notation, that has been adopted to describe the relative 
orientations of two crystals, includes defining a single rotation θ about an axis, l 
which is common to the coordinate systems of the two crystals [69, 70]. Two 
simple boundaries arise when the rotation axis is oriented in a special way to the 
two crystals [71]. These are tilt and twist boundaries. A tilt boundary occurs when 
the  rotation axis is parallel to the grain boundary plane and a twist boundary is  
 63 
 
Figure 2.25. Schematic illustration of a a) tilt and b) twist boundary.  
 
 
formed when the rotation axis is perpendicular to the boundary plane as shown in 
Figure 2.25.  
Further, grain boundaries can be examined under two categories based 
on the amount of rotation of the two crystals with respect to each other: low- and 
high- angle boundaries. If the amount of rotation is low, the boundary between 
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two crystals is defined as a low angle boundary, whereas a high angle boundary 
forms at relatively large rotations.  
2.5.1. Low Angle Boundaries 
Low angle boundaries are described by a dislocation model and defined 
as an array of edge dislocations [72, 73].  The cores of these dislocations are 
located D distance apart from one another as depicted in Figure 2.26. The total 
energy associated with the grain boundary BE  depends on D and thought to be 
made up of two parts. These are elastic strain energy and dislocation core 
energy.  
The elastic strain energy defines the energy of the elastically distorted 
crystal region in the vicinity of the dislocations and can be calculated from the of 
elastic theory, whereas the dislocation core energy is associated with the energy 
of atoms that are located within the dislocation core. These atoms are displaced 
so severely from their equilibrium positions that elastic theory is not applicable in 
this region.  
When calculating the energy of grain boundaries, it is assumed that no 
interaction occurs between the individual dislocations and the total energy is 
directly proportional to density of dislocations, 1/D, which can be given as: 
b
)2/sin(2
D
1 θ
=  
2.65 
 
For small θ  values equation 2.65 can be re-arranged and given as: 
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Figure 2.26. Schematic illustration of an array of dislocations along a low angle 
tilt boundary.  
 
bD
1 θ
=  
2.66 
 
 If the energy of a single edge dislocation per unit length is equal to E, then the 
total grain boundary energy BE  can be given as (13): 
D
1EEB =  2.67 
 
and E is expressed as: 
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c
2
E
b
rln)1(4
GbE +
ν−pi
=  
2.68 
 
where G is the shear modulus, b is the Burger’s vector of the dislocation, ν is 
Poisson’s ratio, r is the distance to which the elastic distortion produced by the 
dislocations reaches, and Ec is the energy in the core of the edge dislocation 
where the distortion becomes non-linear.   
Combining equations 2.66 and 2.68 and substituting into 2.67 gives: 
b
)E
b
rln)1(4
Gb(E c
2
B
θ
+
ν−pi
=  
2.69 
 
Re arranging equation 2.69 gives: 
b
E
b
rln)1(4
GbE cB
θ
+
ν−pi
 
2.70 
 
The elastic strain of an array of dislocation forming the boundary vanishes at 
distances greater than D, therefore r may be assumed to be equal to D. 
Recognizing that 
θ
==
b
rD   and substituting in to equation 2.70 gives: 
)ln
Gb
)1(4E()1(4
GbE 2cB θ−
ν−pi
ν−pi
θ=  2.71 
 
Re-arranging equation 2.71 and grouping the material related constants together 
gives: 
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)lnB(AEB θ−θ=  2.72 
 
where 
)1(4
bA
ν−pi
µ
=  
2.73a 
2
c
Gb
)1(4EB ν−pi=  2.73b 
 
The dislocation spacing (D ) decreases with increasing the amount of 
rotation ( θ ) between two crystals and results in an increase in the atomic 
disorder at the grain boundary. As a result, the strain field associated with the 
dislocation spreads out to very large distance in the crystal and the grain 
boundary energy increases sharply from negative infinitive at zero tilt angles as 
shown in Figure 2.27. Upon decreasing the distance between dislocations, their 
strain fields start to overlap and cancel each other. This reduces the total strain 
energy associated with dislocations and the slope of the BE  versus θ  curve 
becomes less steep at increasing tilt angles. At relatively high θ  the grain 
boundary energy becomes independent of the amount of rotation. This transition 
occurs at the angles of (15-20o) for tilt boundaries and defines the transition from 
a low to a high angle boundary.  
Equation 2.72 can also be applied to predict the energy of twist 
boundaries. 
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Figure 2.27. Variation of the grain boundary energy as a function of 
misorientation.  
 
In this case the constants A and B are replaced with 
pi
=
2
GbA  and  
2
c
Gb
2EB pi=  , respectively. The grain boundary energy varies in a similar manner 
with the twist angle, however twist boundaries are made up of a crossed grid of 
screw dislocations and have lower dislocation density when compared to the tilt 
boundaries [74]. A lower dislocation density is expected to shift the BE  versus θ  
curve and  BE  becomes independent of twist angle at higher θ  [75].  
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2.5.2. High Angle Boundaries 
According to the dislocation model a high angle grain boundary form 
between two crystals that are rotated with respect to each other at angles greater 
than 15-200. These boundaries are disordered and have constant energies [76]. 
However, experimental evidence suggests that high angle boundaries are not 
completely disordered and may display cusps at specific misorientations of the 
BE  versus θ  curve [77]. These cusps were associated to boundaries with 
relatively low energies and several theories were proposed to explain the 
structure of these  ‘special’ high angle boundaries.  
In general, these models are divided in two based on their areas of 
applicability [73]. The first group attempts to bring an explanation to the 
mechanical behavior of the boundaries. For example, Mott [78] proposed an 
‘island’ model to explain the sliding behavior of the boundaries. In this model the 
structure of the boundary between the two crystal lattices is described in terms of 
islands good fit separated by islands of bad fit as illustrated in Figure 2.28  
The second group deals with the atomic structure of the boundaries. One 
of these models is due to Smoluchowski [79] who correlates the structure of the 
boundary to the angle of tilt. In his model, Smoluchowski describes grain  
boundaries with tilt angles smaller than 15o as an array of dislocation which are 
separated by undistorted regions. Upon exceeding 15o, he suggests that, these 
dislocations approach each other and form regions of misfit with large Burger’s 
vectors. These misfit regions are separated by relatively undistorted areas and a 
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Figure 2.28. Schematic illustration of the island model of Mott. 
 
continuous misfit region along the boundary area can be observed when the tilt 
angle exceeds 35o , shown in Figure 2.29.  
The theories proposed by Mott and Schmolowski have been largely 
suppressed by the introduction of the coincident site lattice (CSL) model. These 
boundaries are referred as coincident site lattice (CSL) boundaries because they 
form at boundary planes which allow the two adjoining lattices to fit together with 
relatively little distortion of the inter-atomic bonds [80]. The CSL boundaries may 
form only at exact rotation angles about specific rotation axes and the density of 
common lattice sites varies with the specific choice of angle/axis pair. The 
density of common lattice sites are described by a sigma (∑ ) value and the 
density of coincident sites decreases with increasing the sigma value. For 
example ∑=5 ,shown in Figure 2.30, defines a CSL boundary where 1 out of 5 
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Figure 2.29. Schematic illustration of the grain boundary model of 
Schomolowski.  
 
lattice sites is common to both grains, whereas  1 out of every 3 lattice points is 
common to both crystals along a ∑=3 CSL boundary.  
In theory, the ∑ value of a CSL boundary can take up any value, however, 
only low sigma values were associated with unique properties. For example, Aust 
and Rutter [81] showed impurity segregation to the boundaries is related to the 
grain boundary structure and CSL type boundaries are associated with very little 
impurity segregation due their ordered structures.  
In general, exact CSL orientations are not observed in actual systems. 
Brandon et. al. [82] have examined the atomic structure along the grain 
boundaries of tungsten and tungsten-rhenium alloys by field ion microscopy and  
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Figure 2.30. Schematic of a ∑=5 CSL boundary. 
 
showed that an angular deviation of the boundary plane from the most densely 
packed plane of the coincident site lattice is associated with the formation ledges 
along the boundary. They proposed that these boundaries can described as 
regions of good fit where the boundary follows the most densely packed planes 
of the coincidence lattice and a superimposed dislocation sub-boundary where 
misfit occurs. They concluded that, the density of dislocations that can be 
introduced into a coincidence boundary is limited by the density of coincident 
sites at the boundary and a maximum deviation from an exact CSL orientation  
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Figure 2.31 Schematic illustration of a grain boundary lying along a) a low index 
plane b) a random high index plane and c) illustration of faceting of a random 
grain boundary. 
 
, mV , can be defined through Brandon criterion where mV  is proportional to the 
highest density of dislocations that can be accommodated by the boundary [83]: 
∑
−
=
2
1
om VV  
2.74 
 
where oV  is proportionality constant. Substituting 1∑ =  into equation 2.74 gives 
mV  as 15o, this angle being the limit for the low angle boundaries. Therefore the  
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low angle boundaries correspond to 1∑ =  CSL type boundaries.  
 The grain boundaries that can not be described by a CSL relationship are 
referred as random high angle boundaries and increase the total energy of the 
system. Whenever possible, a given system is expected to reduce its total 
energy. Two mechanisms that may reduce the energy of a system include grain 
growth and faceting. Upon grain growth, the grain boundaries migrate and 
increase the mean grain size [84], whereas by faceting the grain boundary plane 
deviates from its original direction and form facet parts [85]. These facet parts lie 
along the low index planes, as shown in Figure 2.31. In conclusion, both grain 
growth and faceting reduce the energy of a system at the expense of increasing 
the total grain boundary area. 
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2.6. Understanding Electron Back Scatter Diffraction (EBSD) to Study the 
Crystallographic Relationships between α and β Phases 
 
In a scanning electron microscope (SEM) chamber, interaction of an 
electron beam with specimen surface results in different scattering events (elastic 
and inelastic) which in turn give rise to a variety of signals including secondary 
electrons, characteristic x-rays, and back scattered electrons, illustrated in Figure 
2.32 [86].  
 
Figure 2.32. Various signals that can be detected in a scanning electron 
microscope. 
 
Secondary electrons can be defined as all the electrons emitted from the 
specimen with energy less than 50eV [86]. These electrons are ejected from the 
loosely bound outer shell electron of the specimen atoms during inelastic 
scattering of the primary beam. Secondary electrons can be captured by a 
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secondary electron detector providing signals for sample navigation, focusing, 
beam optimization and topographic studies.  
Inelastic scattering of the primary beam may also form x-ray signal which 
are useful for chemical analysis. Two processes that form x rays are: a) 
Continuous x-ray process (Bremstrahlung)and b) Inner shell ionization process. 
The continuous x-ray process is a radiation event that occurs when the electron 
of the primary beam lose their energy due to the interaction with the Coulombic 
field of an atom. The energy difference is then emitted as a photon 
electromagnetic energy given as: 
ν=∆ hE  2.75 
 
where E∆  is the energy lost by the electron, h  is the Planck constant and ν  is 
the electromagnetic radiation frequency. Bremstrahlung radiation creates a 
background limiting the characterization of the chemical composition. 
 The inner shell ionization process arises from the interaction of the 
electron beam with tightly bound inner shell electrons. This interaction may eject 
an electron, resulting in a vacancy in the atom’s inner shell (K-shell) and leave 
the atom, as an ion, in an excited state. Other electrons in the outer shells (L- ,M-
.shells) immediately fill the inner vacancy. The difference between the electron 
shells has a characteristic value for each element. This excess energy may be 
released in one of the two ways: Auger or characteristic x-ray process 
[86].During Auger processes the difference in the shell energies can be 
transmitted to another outer shell electron in the form of kinetic energy and ejects 
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the electron from its atom. During characteristic x-ray processes the difference in 
energy is expressed as a photon electromagnetic radiation with a sharply defined 
energy. Detection of the characteristic x-ray is done by a wavelength dispersive 
spectrometer (WDS) or an energy dispersive spectrometer (EDS) detector.  
Finally, backscattered electron signals arise from elastic scattering. These 
signals consist of high-energy electrons originating from the electron beam that 
are reflected or backscattered out of the same surface that they entered into the 
specimen. A backscattered electron detector may be used to collect these 
signals for imaging purposes. This technique may be used to detect contrast 
between areas with different chemical compositions in multi phase materials or 
between areas with different crystallographic orientations in single phase 
materials [86].   
Nevertheless, backscattered electrons can also be used to form electron 
backscatter diffraction (EBSD) for quantitative analysis of crystallographic 
orientation of the sampled volume. Since fewer backscattered electrons are 
emitted (only 30% of the incident beam) from a sample than secondary electrons, 
the number of backscattered electrons leaving the sample perpendicular to the 
surface might be significantly lower than those that other follow trajectories 
toward the sides. EBSD technique relies on enhancing the proportion of the 
backscattered electrons that are able to undergo diffraction and escape from the 
specimen surface  
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The backscattered fraction can be quantified using the backscatter 
coefficient, η  which is defined as [86]: 
B
BSE
η
η
=η  2.76 
 
where BSEη  and Bη  are the number of backscattered electrons and beam 
electrons incident on the specimen surface, respectively.  
The backscatter coefficient is a function of tilt angle, θ  (the complement of 
the angle between the beam and the surface plane) and may be expressed as 
[87]: 
( )pcos1
1)(
θ+
=θη  2.77 
 
Where p  is a function of the atomic number Z  and given as: 
2
1
Z
9p =  2.78 
 
Substituting equation 2.76 into 2.77 gives: 
( )pB
BSE
cos1
1
θ+
=
η
η
 
2.79 
 
Equation 2.79 suggests that the backscattered electron fraction increases with 
increasing tilt angle, approaching unity at very high values of θ .For this purpose, 
a typical EBSD experiment includes tilting the sample to large angles, typically 
70o from the horizontal [87]. 
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Figure 2.33 Components of an EBSD system. 
 
The backscattered electrons escaping from a tilted sample surface may be 
detected by an EBSD detector for orientation analysis. Major components of an 
EBSD system are shown in Figure 2.33.  
This system consists of a phosphorus screen which is placed in front of a 
sensitive charged coupled device (CCD) video, mounted parallel to microscope’s 
Ym axis, for capturing a diffraction pattern. Both the phosphor screen and the 
camera are mounted in one of the SEM ports and held under vacuum. The 
backscattered electrons reflected onto this phosphorus screen and form a 
diffraction pattern The resulting diffraction pattern is then recorded and analyzed 
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by means of computer algorithms to obtain orientation information of the sampled 
volume. 
Over the last decade, EBSD has become one of the most widely used 
experimental techniques for micro-texture analysis. The introduction of high 
speed cameras for pattern capturing and algorithms for fully automatic pattern 
recognition and indexing provide additional methods for analysis.  
2.6.1. Formation of Kikuchi Bands 
An electron beam entering a crystalline solid is scattered diffusely and 
elastically in all directions [88]. Interaction of electrons with atoms within the 
material results in radiation of waves with the same wavelength, λ, depicted in 
Figure 2.34.  
 
Figure 2.34. Scattering of a planar wave front from a single atom with in the 
material giving rise to spherical wave.  
Radiated fields from all atoms within a given volume interfere with each 
other either constructively or destructively. The constructive interference occurs if 
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the atomic arrangement in the material is ordered, radiation is monochromatic 
and the wavelength is on the same order of magnitude (or smaller) than the 
diffracting feature [88]. 
The condition for constructive interference is given by Bragg’s Law [89]. 
Consider atoms in an ordered material that lie on a set of lattice planes {hkl} 
separated by a distance d, Figure 2.35. The rays of the incident beam are always 
in phase and parallel up to the point at which the top beam strikes the atom X 
lying on the first layer of the lattice planes. The second beam continues to the 
next layer where it is scattered by atom Y. The second beam must travel the 
extra distance YBAY +  if the two beams are to continue traveling adjacent and 
parallel.  
 
Figure 2.35. Schematic illustration of the diffraction from lattice planes. The 
geometry of diffraction leads to derivation of the Bragg’s law. 
 
These two beams will be constructive if the extra distance is an integral, n, 
multiple of the wavelength: 
λ=+ nYBAY  2.80 
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where  
θ= sindAY  2.81 
 
and 
YBAY =  2.82 
 
Substituting equation 2.80 and2.81 into 2.79 gives: 
θ=λ sind2n  2.83 
 
This constructive wave interference can be observed as a diffraction pattern on 
an EBSD detector. 
Since the electrons entering into a specimen in an SEM travel in all 
directions, the Bragg condition is satisfied for all sets of planes. These electrons 
may then inelastically scatter resulting in constructive interference. Since 
electrons are diffracted from a given set of planes in all directions, the diffracted 
beams will lie on the surface of a cone with the cone axis being normal to the 
diffracting planes, see Figure 2.36. In an EBSD experiment these cones will 
intersect a phosphor screen placed in front of the camera within in the SEM. Due 
to the large apex angle (~180o) of the diffraction cones, their intersections with  
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Figure 2.36. Schematic representation of the origin of Kikuchi lines. 
 
 
Figure 2.37. EBSD Kikuchi pattern from Ti-6.5Mo-4.5Fe-1.5Al, 20kV accelerating 
voltage, work done for this project.  
 
the phosphor screen appear as two parallel, straight lines, separated at a 
distance proportional to the interplanar spacing between the diffraction planes 
[88]. The whole EBSD Kikuchi pattern consists of pairs of parallel lines where 
each pair is known as a Kikuchi band, shown in Figure 2.37 [90]. The intersection 
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of several bands corresponds to a zone axis (pole) representing the normal to a 
plane in the sample. 
EBSD Kikuchi diffraction patterns are a gnomonic projection onto a flat 
surface, shown in Figure 2.38 [91].This concept can be understood by 
considering the sampled volume of crystal lying at the center of a sphere with a 
radius , ON , where ON  is the distance between the specimen and the 
projection plane, i.e. the phosphor screen. The point N is referred to as the 
pattern center. The coordinates of N and ON are defined during the calibration 
process. Diffracted rays intersecting the sphere are projected on the phosphor 
screen. The relationship between the distance from the pattern center to a given 
point on the projection plane, NP , and the sample to screen distance, ON , is 
given as: 
τ= tanONNP  2.83 
 
where τ  defines the angular displacement of P from the pattern center.  
Since a given diffraction pattern obtained from the crystal is a function of 
orientation, the positions of Kikuchi bands can be used to calculate the 
orientation of a diffracting crystal, as demonstrated in Figure 2.39 
2.6.2. Detecting Kikuchi Bands 
The first step in automated indexing of EBSD patterns is to extract bands 
from the pattern. The method of choice was developed by Kreiger Lansen et. al  
 85 
 
Figure 2.38. Schematic illustration of a Kikuchi pattern as a gnomonic projection.  
 
 
Figure 2.39. Variation in diffraction pattern with crystal orientation. 
 
[92]. This technique applies Hough transform to a diffraction pattern image. The 
equation governing the Hough transform is given as: 
θ+θ=ρ sinycosx  2.84 
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with x and y defining a set of pixel coordinates on the image. The transition from 
the pixel coordinate system ( y,x ) to the Hough space ( θ,p ) is possible by 
plotting a number of collinear lines going through each pixel in the image. The 
normal to these lines intersecting the origin is then generated. The length of each 
normal line and angle that they make with the x axis is measured .This process is 
repeated for each pixel on the image and a graph of length (p ) against angle 
( θ ), known as the Hough space graph, is created, Figure 2.40.  
Hough space may be divided into discrete bins (e.g. 1o step in θ  and 100 
steps in p  from minp−  to maxp+ ) and the intensity at each x,y pixel in the image 
can be  added into all corresponding bins [93]. A band in a diffraction pattern is 
then represented by a peak of high intensity in the Hough space. The peaks in 
the Hough space have a characteristic shape with the peak being surrounded by 
two valleys in the p  direction. In order to draw out peaks of this characteristic 
shape the Hough transform is convoluted with a butterfly mask. Figure 2.41 
shows an EBSD pattern, corresponding Hough transform and the bands 
detected. 
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Figure 2.40 Schematic of transformation of x-y coordinates to Hough space. The 
numbers given do not have any physical significance. They are for illustrative 
purposes only.  
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Figure 2.41 Photograph of a a) hough transform and b) its corresponding EBSD 
pattern with the detected bands, work done for this project.. 
 
2.6.3. Indexing Kikuchi Bands 
In automated EBSD systems the detected bands can be indexed using a 
voting scheme [93-95]. This procedure involves first creating the all possible sets 
of three bands from the detected bands. Next, angles between the bands in each 
set are compared to a table containing all possible interplanar angles between 
the diffracting planes. Each band in a band set is associated with a Miller index. 
However, more than one solution can be found for any set. The number of 
solutions is a function of tolerance allowed between the measured and 
theoretical interplanar angles. The solutions found for all the sets are used in a 
voting scheme to identify the most probable indexing of the pattern. The final 
solution is the one receiving the most votes.  
2.6.4. Crystal Orientation 
A crystal lattice orientation can be defined with respect to a coordinate 
system fixed in the sample, Figure 2.42. For this purpose, it is necessary to  
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Figure 2.42. Schematic illustration of the relationship between the crystal and 
sample coordinate systems. α1 ,β1 and γ1 are the angles between the crystal 
direction [100] and Xs, Ys and  Zs(Normal Direction) respectively.  α2, β2, γ2 and 
α3, β3, γ3 are similarly defined as the angles between the [010] and [001] crystal 
directions and the three sample axes.  
. 
define two sets of reference axes, known as coordinate systems, one within the 
specimen, sC , and the other one in the crystal lattice, CC  [96] .These systems 
are Cartesian and right-handed. Typically, the axes of the specimen coordinate 
system (Xs, Ys and Zs) are respectively parallel to the rolling, transverse and 
normal directions if they exist otherwise defined arbitrarily. The second set of 
coordinate system is specified by the by the orthogonal [100], [010], [001] 
directions in the crystal 
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The two coordinate systems can be related through an orientation matrix, 
A. which bring them into coincidence.  
sc CAC ⋅=  2.86 
 
An orientation matrix is a 3X3 matrix given as: 
A = 
332331
232221
131211
aaa
aaa
aaa
 
2.87 
 
The elements of the orientation matrix (aij) are described by considering a 
relationship between the sample and crystal coordinates: 
a11= cosα1 2.88a 
 
a12=cosβ1 2.88b 
 
a13=cosγ1 2.88c 
 
a21=cosα2 2.88d 
 
a22=cosβ2 2.88e 
 
a23=cosγ2 2.88f 
 
a31=cosα3 2.88g 
 
a32=cosβ3 2.88h 
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a33=γ3 2.88i 
 
where- α1, β1 and γ1- define the angles between the [100] direction of the crystal 
and the Xs, Ys, Zs directions of the specimen, respectively. Similarly, α2, β2, γ2 
and α3, β3, γ3, define the angles between the [010] and [001] crystal directions 
and the three specimen axes 
Various orientation descriptors that can be extracted from the orientation 
matrix include: the ideal orientation, the Euler angles, the angle/axis pair and 
Rodrigues vector. These descriptors are used to define orientations of the grains 
and misorientation between two grains 
2.6.5. The Ideal Orientation 
A practical way of describing the orientation of a sampled volume includes 
defining two Miller indices to represent the crystallographic directions, [hkl] that 
are parallel to the sample normal (Zs) and transverse direction (Xs). The first and 
last column of the orientation matrix expresses the specimen’s X and Z directions 
in the crystal coordinate system. Direction cosines in these columns can be 
multiplied by a suitable factor to bring them into whole numbers and 
subsequently divided by their lowest common denominator. This operation 
defines the ideal orientation (or Miller indices) which may be represented as  
]hkl)[hkl(  2.89 
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It should be noted that extracting the ideal orientation directly from the 
orientation matrix is valid only for cubic crystals as indices for a plane and a 
direction are identical solely for cubic systems. For non cubic systems, on the 
other hand, determining ideal orientation is less straight forward and includes 
associating an orthogonal frame with the crystal axes [97].   
2.6.6. The Euler Angles 
According to Euler’s rotation theorem, any orientation can be described 
using three angles (98, 99). The Euler angles refer to the three rotations which 
brings the specimen coordinate system into coincidence with the crystal 
coordinate system when performed in the ideal sequence. The three angles 
giving the rotation matrices are called the Euler angles. To define these angles 
consider a crystal with its [100], [010], [001] directions being parallel to the 
specimen’s X, Y, Z axes. It is first rotated about the [001] by an angle ϕ1 followed 
by a rotation about the [100] direction by an angle φ and finally, it is rotated ϕ2 
degrees about the [001] direction, as shown in Figure 2.43. 
The relationship between the elements of the orientation matrix and the 
Euler angles can be given as: 
φϕϕ−ϕϕ= cossinsincoscosa 212111  2.90a 
 
φϕϕ−ϕϕ= cossincoscossina 212112  2.90b 
 
φϕ= sinsina 213  2.90c 
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Figure 2.43. Schematic illustration of the effect of rotating a crystal with its 
<100>, <010>, <001> directions being parallel to the specimen’s x, y, z axes 
about the <001> by an angle ϕ1 followed by a rotation about the <100> direction 
by an angle φ and finally rotating ϕ2 degrees about the <001> direction on the 
sample orientation.  
 
φϕϕ−ϕϕ−= cossinsinsincosa 212121  2.90d 
 
φϕϕ−ϕϕ= coscoscossinsina 212122  2.90e 
 
φϕ= sincosa 223  2.90f 
 
φϕ= sinsina 131  2.90g 
 
φϕ−= sincosa 132  2.90h 
 
φ= cosa33  2.90i 
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A crystal orientation map may be colored by Euler coloring which transforms an 
orientation ( 21 ,, ϕφϕ ) to an RGB (Red, Green, Blue) color through the following 
formula (Figure 2.44): 
360
.255dRe 1ϕ=  2.91a 
 
360
.255Green φ=  2.91b 
 
360
.255Blue 2ϕ=  2.91c 
 
2.6.7. The Angle/Axis Rotation 
The crystal coordinate system can be transformed onto the specimen 
coordinate system by a rotation through a single angle provided that rotation is 
performed about a specific axis or the angle axis/pair (Figure 2.45) [88]. Three 
variables, required to specify the orientation comprise one variable for rotation 
angle, θ  and two variables, 1r  and 2r  for the rotation axis, r . The third index, 3r  
is related to, 1r  and  2r  in the following manner: 
2
3
2
2
2
1 rrrr ++=  
2.92 
 
The relationship between the angle/axis pair and the orientation matrix is given 
as: 
2
)1aaa(cos 332211 −++=θ  2.93a 
 95 
 
 
 
 
Figure 2.44. Schematic illustration of Euler coloring which transforms an 
orientation ( 21 ,, ϕφϕ ) to an RGB (Red, Green, Blue) color (Channel 5TM User 
Manual). 
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Figure 2.45. Schematic illustration of the angle/axis pair. 
 
32231 aar −=  2.93b 
 
13312 aar −=  2.93c 
 
21123 aar −=  2.93d 
 
Alternatively the angle/axis rotation can be used to bring the coordinate 
system of one crystal into coincidence with another crystal which can then be 
related to the misorientation between these two crystals. 
If the orientations (A1 and A2) of two grains are known a misorientation 
matrix , M1→2,  can be calculated as: 
2
1
121 AAM
−
→ =  
2.94 
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The angle/axis (θ/l) pair of the boundary can then be expressed utilizing 
the elements, ijm  of the misorientation matrix as follows : 
32'231 mml −=  2.95a 
 
21123 mml −=  2.95c 
 
2/)1mmm(cos 332211 −++=θ  2.95d 
 
2.6.8. The Rodrigues Vector 
Orientation of a sampled volume may be expressed by a three 
dimensional orientation vector that is extracted from the angle/axis descriptor 
with the rotation axis being the direction of the vector and the rotation angle 
being its magnitude. The angle/axis pair can then be combined into a single 
mathematical entity to express Rodrigues vector is given by [88]: 
( )r2tanR θ=  2.96 
 
2.6.9. Orientation Imaging Microscopy (OIM) 
Orientation imaging microscopy (OIM) refers to the automated 
measurement and storage of orientations according to a pre-defined pattern 
coordinates on the sampling plane of the specimen. During this procedure, a 
diffraction pattern is obtained and the crystal orientation is determined at each 
13312 mml −=  2.95b 
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point. The resulting data can then be displayed as a crystal orientation map 
(COM). The sample points of the grains in a crystal orientation map are marked 
with colors specific to their lattice orientations [100], with a single grain being 
defined by the collection of neighboring pixels in the map having a misorientation 
less than user a defined angle [101, 102 ].  
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CHAPTER III 
EXPERIMENTAL PROCEDURES 
3.1. As Received Material 
This investigation has examined Ti-6.5 Mo-4.5Fe-1.5Al, provided by 
TIMET Corp., Henderson, Nevada in the form of rods with a diameter 10mm and 
493.2 cm long that had been vacuum arc melted, forged and hot rolled. The 
average chemical composition (wt %) of the material is shown in Table 3.1.  
Table 3.1. Chemical composition of Ti-6.5 Mo-4.5Fe-1.5Al 
Elements Wt.(%) Standard Deviation 
Al 1.444 0.002 
C 0.015 0.001 
Cr 0.065 0.000 
Fe 4.646 0.0419 
Mo 6.465 0.0242 
N 0.003 0.002 
Nb 0.018 0.000 
Ni 0.024 0.000 
O 0.126 0.002 
Si 0.083 0.000 
H (ppm) 124.5 5.5 
Ti 87.10 0.05 
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3.2. Heat Treatment 
All the heat treatments considered in this study were carried out in neutral 
salt baths. A plain carbon steel salt bath pot with carbonate based neutral salt 
called Universal Thermics EU 9418 was used for this purpose. The EU 9418 has 
lithium, sodium and potassium carbonate as its main components and melting 
temperature of 4320C. Temperature of the molten salt bath was measured by a 
0.635 cm diameter, 45.72 cm long ungrounded Inconel K type thermocouple 
equipped with dual channel. This configuration allowed independent monitoring 
of the temperature with a high temperature digital controller and a digital reader 
simultaneously. The temperatures were controlled within ± 30C. During heat 
treatments, all the specimens were wrapped around 0.635 cm diameter, 43.18 
cm long 304 grade stainless steel bars and placed 5 cm away from the 
thermocouples. Finally, a 0.635 cm diameter, 45.72 cm long ceramic type K 
thermocouple was placed in close contact with the heating elements and 
monitored by a digital high temperature indicator. A schematic representation of 
the salt bath configuration is given in Figure 3.1 
Since the primary goal of this investigation was to examine the role of 
crystallographic relationships between the α and β phases on kinetics of phase 
transformations, several preliminary studies were performed to (a) confirm the β 
transus temperature for Ti-6.5 Mo-4.5Fe-1.5Al previously obtained [1] and (b) 
establish the solution treatment time necessary to avoid intra-granular dislocation 
assisted heterogeneous α phase nucleation and growth. The first was performed  
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Figure 3.1. Schematic of salt bath set up used to heat treat TIMETAL LCB 
specimens. 
 
by monitoring the α phase volume fraction following solution treatment in neutral 
salt baths at temperatures between 633 and 8200C for 30 minutes. The second 
study used decoration heat treatment which involved solution treating at 8200C 
for 30 minutes, followed by direct aging at 5500C for five minutes. This was used 
to verify if heterogeneous nucleation of α on any remnant dislocation 
substructure occurred.  
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In order to study the phase transformation kinetics, TIMETAL LCB 
specimens were isothermally heat treated within the temperature range 700-
745oC for successively increasing aging times. The isothermal aging 
temperatures and times were limited to those above the nose of Ti-6.5 Mo-4.5Fe-
1.5Al Time-Temperature-Transformation (TTT) curves [1], thereby avoiding intra-
granular alpha precipitation at the early stages of reaction, shown in Figure 3.2. A 
typical heat treatment schedule is given in Figure 3.3. All aging treatments were 
terminated by water quenching.  
Azimzadeh et. al. [1] demonstrated that the time required to reach the 
appropriate aging temperatures, after solution treatment, is 24 seconds and the 
time to reach room temperature from the highest aging temperature via water 
quenching is 12 seconds. These short times are expected to have only a minor 
influence on the precipitation phenomena studied. 
Finally, the heat treatment matrix illustrating all the aging treatment 
conditions considered during this study is given in Table 3.2 and the aging 
treatments that were performed was marked with an X. 
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Figure 3.2. Isothermal Time-Temperature-Transformation Diagram for Ti-6.5 Mo-
4.5Fe-1.5Al [1]. 
 
 
Figure 3.3. Schematic of Heat Treatment Procedure 
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Table 3.2. Aging Treatment Conditions 
. 
Temperature(oC) 
time(min) 
700 715 730 745 
0.5 X X X X 
1 X X X X 
5 X X   
7 X  X X 
10 X X X X 
12 X X X X 
15 X X X X 
17    X 
20 X  X  
25 X X   
30 X   X 
35  X X  
40 X X X  
45 X    
50 X X X  
55 X    
60 X X X X 
70   X  
80 X  X  
91  X   
100   X  
120    X 
125 X    
126  X   
133  X   
182    X 
195   X  
200 X X   
210   X  
220   X  
250   X  
285   X  
315   X  
330   X  
430  X   
1333    X 
1980    X 
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3.3. Metallographic Sample Preparation 
Metallographic preparation of the solution treated and aged Ti-6.5 Mo-
4.5Fe-1.5Al samples included standard grinding procedures. Sample preparation 
for optical and scanning electron microscopy initially involved cutting the supplied 
4.5 m long by 10 mm diameter bars into 30 cm long bars utilizing a vertical band 
saw. These were sectioned into 10 mm long blanks with a Buehler Isomet 4000 
diamond saw, at 1500 rpm blade speed and 0.127 mm/min feed rate with Struers 
cut off wheel lubricating fluid. Following heat treatment, 3 mm lengths from both 
end surfaces of each specimen was removed with the Buehler Isomet 4000 to 
ensure complete removal of any possible α-case or oxidized layer that may have 
formed during heat treatment. The remaining 4 mm thick specimen surfaces 
were ground using 120, 320, 600 SiC grit paper, final polishing employing 0.3 
and 0.05 µm aqueous Al2O3 and colloidal SiO2 solutions. A schematic of a 
standard metallographic sample preparation sequence is given in Figure 3.4. 
Two-phase specimens were etched using Kroll’s Solution (1.5 vol% (HF) – 
3.5 vol% (HNO3) – bal. (H2O)) for 15 seconds for optical microscope 
examination; un-etched specimens were used for scanning electron microscopy 
examination under back scattering electron (BSE) diffraction conditions. 
 
 116 
 
 
Figure 3.4. Successive steps of sample preparation (a) cutting the as-received 
material parallel to transverse direction. (b) Sectioning 30 cm long bars into 10 
mm long blanks. c) Removing the oxide layer due to heat treatment. (c) Coarse 
grinding followed by fine polishing to eliminate the deformed layer.(d) Optical or 
scanning electron microscopy examination.  
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3.4. Microstructural Characterization 
Microstructural characterization of solution treated and aged specimens 
included optical and electron microscopy. Two-phase etched specimens were 
examined using a Nikon Epiphot 300® optical microscope. Un-etched samples 
were examined with a Hitachi 3500, Hitachi 3400N, a LEO 1450 or a Hitachi 
4800 field emission scanning electron microscopy (FE-SEM) under 
backscattering electron imaging (BSEI) conditions. Operating conditions for 
Hitachi 3500, Hitachi 3400N and LEO 1450 were 20 kV and 10 mm working 
distance and for the Hitachi 4800 it was 10 kV and 8 mm when performing BSEI 
analysis.  
3.5. X-Ray Diffraction (XRD) 
Effect of temperature on the lattice parameters of α and β phase were 
investigated by x-ray diffraction (XRD). These measurements were performed on 
a Scintag XDS-2000 θ- 2θ diffractometer operated at 40 kV and 30 mA. A Li 
doped Si detector utilizing CuKα radiation was used to obtain XRD diffraction 
patterns of the solution treated samples.  
For XRD measurements, 2 mm thick samples were cut from solution 
treated TIMETAL LCB samples and mechanically polished with SiC polishing 
paper to a 600 grit.  
3.6. Electron Backscatter Diffraction (EBSD) Analysis 
 
Electron backscatter diffraction (EBSD) analysis was performed to 
examine crystallographic relationships between α and β phases. EBSD was 
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performed at 20 kV, a 80 mA beam current and a 15 – 20 mm working distance, 
a holder pre-tilted to an angle of 70.5 degrees being used with the Hitachi 3400N 
while samples examined with the LEO 1450 were manually tilted to an angle of 
70 degrees.  
EBSD samples were prepared according to the standard sample 
preparation technique described previously with the exception that the final 20 
nm colloidal SiO2 polishing step was conducted for at least 8 hours to remove 
any deformation or contamination from the expected 20 nm backscattered 
electron penetration depth [2]. All samples were ultrasonically cleaned, rinsed 
with pure ethanol and stored under vacuum until examination. 
Automatic EBSD pattern acquisition and post acquisition of the orientation 
data utilized either HKL Channel 5 or INCA Crystal software packages [3, 4]. 
Before each run, the operating geometry was calibrated using an appended 
silicon wafer, the surface normal being the [001] direction. This routine minimized 
errors in orientation determination [2]. Pattern acquisition included automated 
orientation imaging microscopy when examining solution treated microstructure, 
whereas interactive data collection mode was used to establish the local 
orientation of the grains bounding grain boundary segment. Schematics of the 
steps involved in orientation imaging microscope and interactive data collection 
mode are given in Figures 3.5a and b.   
The determination of the misorientation between two grains involved a 
selection of the minimum misorientation angle and its corresponding axis from all 
 119 
24 possible symmetric bcc β phase variants [5]. Orientation relationships 
between two phases was be found by plotting the pole figures showing the 
{ }β110 , { }β111  ,{ }α0001  and { }α0211  poles of individual crystals using a 
subroutine incorporated in to the Channel 5TM software and determine the 
parallel poles. Alternatively, crystallography software such as Carine 
Crystallography 3.1 was used to plot a pole figure comprising any given pole.  
 
 
Figure 3.5. Schematic steps involved in a) automatic data collection mode during 
orientation imaging microscopy and b)  interactive data collection mode in an 
HKL EBSD system. 
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EBSD pattern analysis included averaging 5 Kikuchi patterns arising from a 
single area of interest, with further indexing of the orientation including 6-7 
Kikuchi bands.  
The accuracy of determination of absolute orientation by means of EBSD 
in a conventional SEM was approximately 1o and the spatial resolution was of 
around 1µm. 
3.7. Quantitative Metallography 
3.7.1. Volume Fraction Measurements 
The volume fraction of α precipitation in the β matrix was determined 
utilizing systematic point counting. This analysis involved superimposing a two 
dimensional lattice on the optical or electron microscope images and measuring 
the fraction of points falling on the α phase [6]. Points that fell entirely within an α 
particle was counted as 1, those lying on an α/β phase boundary being counted 
as ½. A The volume fraction analysis employed in this study included fixing the 
total number of grid points to a certain value, PT and estimating the standard 
deviation experimentally. 12X16 rectangular grid was applied to the optical 
microscope images at a magnification of 200X by means of Image Processing 
Tool KitTM. Ten optical microscope images per heat treatment condition were 
considered.  
In order to avoid bias; special attention was paid to non-subjective imaging 
of the examined areas. This was established by placing a representative area of 
the specimen, i.e. the center, under the area of illumination in the optical 
 121 
microscope, without looking through eye-piece. Further imaging was performed 
by advancing the stage in the x and y directions without the prior knowledge of 
the microstructure to be imaged.  
Determination of the α volume fraction transformed in Ti-6.5Mo-4.5Fe-
1.5Al aged for less than 60 sec or less utilized one dimensional point counting 
[7]. This method involved sequentially advancing the stage of the field emission 
microscope in the x and y directions in 100µm constant increments. Five hundred 
areas for each aging time at a magnification of 10,000X were examined for this 
purpose.  
Volume fraction data obtained utilizing systematic point counting 
procedure is tabulated in Appendix A for the aging times and temperatures 
considered.  
Accuracy of the measurements, %acc were calculated according to the following 
equation [8]: 
P
P
T P
)P(
P
200
acc% σ=  3.1 
 
where PP  and )V( Vσ  are the experimentally determined values for point fraction 
and standard deviation; respectively.  )V( Vσ  is given by: 
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Where n is the total number of observations, iX i is the value of the random 
variable for a given measurement and X  is the arithmetic mean of the sample. 
The f PP, )V( Vσ  and %accuracy values are reported in Appendix A. 
 
3.7.2. Surface Area Measurements 
The surface area per unit volume of interfaces was quantified by counting 
the number of interfaces intersecting with test lines and expressed as [8]: 
                                               LV P2S =                                   3
2
mm
mm
 
3.3 
 where LP  is defined as the number of interceptions generated per unit length of 
a test line. A typical experiment of LP  count involves randomly applying a linear 
test array to the microstructure on the plane of polish. The total length of the test 
lines may be fixed in advance. Further, the number of interceptions made by the 
test lines and the traces of surfaces are counted. An intersection is counted as 
2
1
 if a test line appears to make a tangent hit with the trace of a surface. 
Similarly, if a triple point junction is intersected the count is equal to 211 . This 
process may be repeated for a number of different test lines traversing different 
areas and an average is calculated over all locations. In this study, five parallel 
test lines were superimposed on electron or optical micrograph images utilizing 
Image Processing Tool KitTM. and VS . 
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3.7.3. Grain Size Measurements 
Grain size measurements involved mean lineal intercept method. Mean 
lineal intercept length, L, can be defined as the average length of the test line 
along the chord that passes through the outline of the feature on the two 
dimensional section [9]. It is determined by averaging over a number of test lines 
and may be expressed as: 
LP
1L =  3.4 
 
where PL is the number of interceptions generated per unit length of a test line.  
The grain size, G can be estimated from L in the following manner [9]: 
298.3)Llog6457.6(G 10 −−=   3.4 
 
In order to measure L an array parallel lines were place on an electron or 
optical micrograph with the total number of intersections, i.e., the point where the 
test line cuts a grain boundary, being equal to at least 50.Upon counting, the end 
points of a test line that appeared to touch the grain boundary was counted as a 
½ intersection. Test lines cutting across, or tangent to the grain boundaries are 
counted as 1 intersection, whereas triple point intersections are considered as 1-
½.   
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CHAPTER IV 
 
RESULTS AND DISCUSSIONS 
 
4.1. Designing a Solution Treatment Procedure 
 
Distribution of second phase α precipitates during decomposition of a 
supersaturated solid solution of β phase, is neither uniform nor random through 
out the matrix. In titanium alloys, β→β+α transformation typically starts on 
defects such as dislocations or slip bands within deformed materials [1]. In 
contrast, the β/β grain boundaries are preferred precipitation sites at relatively 
low under-coolings (Tβ-200oC) in un-deformed materials [2]. Since the primary 
goal of this study was to examine the heterogeneous grain boundary nucleation 
and growth of α phase during aging of TIMETAL LCB, a solution treatment 
procedure was designed to establish a single phase structure and to eliminate 
the prior sub-structure (a possible intragranular nucleation site for α phase during 
aging).  
4.1.1. Solution Treatment Temperature 
Disappearing phase technique [3] was used to determine the β-transus 
temperature of Ti-6.5Mo-4.5Fe-1.5. For this purpose, as-received TIMETAL LCB 
specimens were solution treated between 633-820oC for 30 minutes and 
examined by a scanning electron microscope (SEM).  
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Figure 4.1. BSEI micrographs of as-received Ti-6.5 Mo-4.5Fe-1.5Al a) Low 
magnification b) High magnification. 
 
Examination of the as-received condition through SEM indicated a two-
phase (α+β) microstructure with the primary α phase (black phase) located at the 
prior triple point junctions and on the grain boundaries as seen in Figure 4.1 a. 
High magnification backscattered electron microcopy of the same specimen did 
not show any evidence of intragranular αs precipitation (Figure 4.1 b).The grain 
size and α phase volume percent, as determined by lineal intercept method and 
systematic point counting methods, were 2.19±0.39 µm and 12 ± 4 v/o, 
respectively. 
Upon SEM examination, it was shown that, solution treating the as-
received TIMETAL LCB at 633oC promoted precipitation of very fine α needles 
with in the β matrix (Figure 4.2a). Increasing the solution treatment temperature 
to 715oC decreased the aspect ratio (L/d) of fine α needles resulting in a 
spheroidized intragranular alpha morphology (Figure 4.2b). The driving force for 
this process -spheroidization - is the reduction in the overall surface area [4].  
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Figure 4.2. BSEI of Ti-6.5Mo-4.5Fe-1.5Al solution treated at a) 6330C b) 715oC 
c) 730oC d) 745oC e)760oC f) 790oC for 30 minutes followed by water quenching. 
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Figure 4.3. BSEI of Ti-6.5Mo-4.5Fe-1.5Al solution treated at a) 8000C b) 810oC 
c) 820oC for 30 minutes followed by water quenching. 
 
Grain boundary α phase was found to begin spheroidizing at 730oC 
(Figure 4.2c). Further, an increase in solution treatment temperature gradually 
reduced the amount of grain boundary α and intragranular needle-like 
precipitates (Figures 4.3d and 4.2e). Since globular grain boundary α particles 
pin grain boundaries and inhibit grain growth , β grain size increased, with 
decreasing grain boundary alpha volume fraction[36]. Larger β grain size 
(51.78±12.35µm) at 790oC assisted in thin grain boundary α film formation 
(Figure 4.2f). Finally, α phase precipitation, above 800oC was not detected  
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Figure 4.4. Comparison of the experimental and theoretical volume fraction of 
alpha phase with temperature. Samples were solution treated for 30 minutes. 
 
through SEM examination (Figures 4.3a –c). 
The variation in the α phase volume fraction with solution treatment 
temperature, as observed through SEM, was quantified by image analysis 
measurements and Thermo CalcTM predictions and is plotted in Figure 4.4. The 
black squares on this plot display the results of the Thermo Calc prediction and 
the red squares correspond to the data points of the experimental 
measurements. Upon comparing the two data sets, it was found that, the 
calculated and measured β-transus temperature and equilibrium α phase volume 
fractions at relatively high solution treatment temperatures are in good 
agreement and the volume fraction of α phase systematically decreases with 
increasing solution treatment temperature. Using this data, the β transus 
Beta-transus 
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temperature of TIMETAL LCB is calculated to be 795 ± 5oC. However, 
experimentally determined α phase volume fraction disagreed with the theoretical 
prediction at 633oC, with the measured volume fraction being lower than the 
theoretical calculation. Deviation of experimental volume fraction from theoretical 
calculations may result from in-accurate measurements of the very fine 
intragranular alpha needles due to the relatively poor resolution of the scanning 
electron microscope. 
4.1.2. Solution Treatment Time 
In order to determine the effect of solution treatment time on the prior hot 
worked sub-structure, TIMETAL LCB specimens, solution treated at 8200C for 30 
minutes, were decoration heat treated at 550oC for 5 minutes to promote 
heterogeneous nucleation of α on any remnant dislocation substructure.  
Decoration treatment technique is based on accelerating the kinetics of 
second phase formation in the presence of plastic deformation [5]. In β titanium 
alloys, relatively small amounts of deformation (<5%) reduces the minimum time 
for the onset of α phase precipitation, from several minutes to less than 15 
seconds. As a result, α phase precipitation within the plastically deformed regions 
can be observed if a sample is aged for a short amount time, that is between the 
onset α phase precipitation in deformed and un-deformed materials. The time 
required for α phase precipitation in an un-deformed TIMETAL LCB specimen is 
6 minutes at 550oC [6]. Therefore, aging TIMETAL LCB for 5 minutes at this  
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Figure 4.5. BSEI micrograph of TIMETAL LCB Solution treated at 8200C for 30 
minutes followed indirect aging at 550oC for 5 minutes and subsequently water 
quenched at room temperature. 
 
temperature were deemed to be sufficient to relieve any plastically deformed 
region present in the sample. Evidence of α phase precipitation was not found 
upon examination of the SEM micrograph of  the solution treated (820oC/20min.) 
and aged (550oC/5min.) TIMETAL LCB (Figure 4.5) and it was concluded that 
,30 minutes is sufficient to eliminate the entire hot-worked structure. 
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4.2. X-ray Diffraction (XRD) Analysis of the Solution Heat Treated TIMETAL 
LCB Specimens 
 
In an electron backscatter diffraction (EBSD) experiment, diffraction 
patterns obtained from various phases can be analyzed if the crystal structures 
and lattice parameters of these phases are known. Therefore, x-ray diffraction 
(XRD) analysis was performed to determine the lattice parameters of the β (bcc) 
and α (hcp) phases prior to electron backscatter diffraction (EBSD) analysis. In 
order to examine the effect of temperature on the lattice parameters, TIMETAL 
LCB specimens solution treated for 30 minutes between 700-745oC at 15oC 
intervals were examined. 
 The x-ray diffraction spectra of the solution treated samples are shown in 
Figures 4.6a through d. These spectra were indexed using an analytical method 
outlined in Cullity [3].Once indexed, the lattice parameters of β (aβ) and α (aα and 
cα) phases were calculated from these spectra using the Bragg’s law and plotted 
in Figures 4.7.a through c as a function of temperature. Upon comparing the 
lattice parameters of β and α phases in the solution treated samples it was found 
that, aβ, aα and cα are relatively insensitive to variations in solution treatment 
temperature.  
 The lattice parameter data obtained during this study was input into the 
EBSD data acquisition and processing software in order to correctly index the 
diffraction patterns and determine the orientation of α and β phases in the 
solution treated and aged specimens.  
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Figure 4.6. X-ray diffraction spectra of TIMETAL LCB solution heat treated at a) 
700oC b)715oC c) 730oC and d) 745oC.  
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Figure 4.6. Continued. 
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Figure 4.7. Influence of solution treatment temperature on a) aβ b)aα and c)cα. 
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Figure 4.7. Continued.  
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4.3. Orientation Imaging Microscopy (OIM) of the Solution Heat Treated 
Microstructure 
 
4.3.1. Results of the Orientation Imaging Microscopy (OIM) Analysis 
Grain boundaries in polycrystalline aggregates are preferential nucleation 
sites for second phase particles during solid state phase transformations. Phase 
transformation studies on iron (Fe) and aluminum (Al) based alloys have shown 
that, morphology and quantity of second phase precipitates are strongly 
influenced by the structure of the grain boundaries [7-15]. These observations 
suggest that, in studying α phase precipitation in metastable β titanium alloys, an 
understanding of grain and grain boundary structure of the untransformed 
microstructure is essential. Such an understanding is also necessary to modify 
and control the grain boundary character distribution in TIMETAL LCB by the 
proper choice of solution treatment schedule.  
Upon inquiring it was found that, current TIMETAL LCB is lacking 
information regarding to micro-texture of the grain boundaries in the single phase 
structure.  
In this section, grain and grain boundary structure of TIMETAL LCB, 
solution treated at 820oC for 30 minutes, was surveyed using SEM, OIM and 
quantitative image analysis techniques. In order to understand the effect of 
solution treatment time on the single phase microstructure, an additional 
specimen, solution treated at 820oC for 5 minutes, was also examined.  
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Figure 4.8. BSEI of TIMETAL LCB solution treated for 30 minutes at 820oC and 
water quenched. 
 
 
 
Figure 4.9. a)Crystal orientation map of solution treated TIMETAL LCB b) All 
Euler Key. c)Image Quality (IQ) Map. 
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Figure 4.8 shows a typical low magnification, backscattered electron 
micrograph of TIMETAL LCB, solution heat treated at 820oC for 30 minutes. The 
low magnification is used to identify the β grains and different gray contrasts, 
observed in Figure 4.8, are indicative of the interior section of these grains. 
Solution treated TIMETAL LCB has a single phase structure, therefore, these 
contrast differences are related to differences in the grain orientations.  
An orientation map (OM) of the single phase microstructure was collected 
and is given in Figure 4.9a. This map covers an area of approximately 1 mm2 and 
was obtained with a grid size of 4 µm resulting 62,500 orientations. Points on the 
map were colored such that grains with the same orientation share the same 
color (Figure 4.9a). Euler coloring was used to transform an orientation ( 21 ,, ϕφϕ ) 
to an RGB (Red, Green, Blue) color. The corresponding Euler angle color key is 
given in Figure 4.9b. 
An image quality (IQ) map, representative of the sharpness or quality of 
the patterns, is shown in Figure 4.9c [16]. A lighter color on this map indicates a 
better electron backscattered pattern (EBSP) quality. Upon comparing the IQ 
map with the OIM map it was found that, regions of low IQ (darker areas) 
coincide with the un-indexed points on the OIM map (white points). The un-
indexed points within the grains may be due to a) polishing induced surface 
deformation b) athermal omega (ω) phase of TIMETAL LCB. Typically, omega 
phase can form during quenching the solution treated TIMETAL LCB from above 
the β-transus temperature and has a hexagonal closed packed structure [17]. 
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EBSD data processing software used in this study assumed a body centered 
cubic (bcc) crystal structure when indexing the diffraction patterns. As a result, 
the hexagonal closed packed (hcp) crystal structure of the omega phase may 
cause un-correct indexing.  
A grain boundary map, extracted from the OM map of the solution heat 
treated TIMETAL LCB, is shown in Figure 4.10. The grain boundaries within the 
microstructure were highlighted using three different pen colors: blue, black and  
red, where blue corresponds to boundaries within 5-22.5o and red corresponds to 
52.5-62.5o. For the boundaries within the oo 5.525.22 <θ<  interval, black color 
was used. 
The choice of misorientation interval for coloring was based on the grain 
boundary misorientation distribution presented in Figure 4.10b. This graph shows 
the proportion of the length (or projected area) of grain boundaries within a given 
misorientation range to the total grain boundary length. The lower and upper 
threshold values are 5 and 62.5o, respectively. The two data sets shown in this 
graph correspond to the experimental and theoretical distribution of grain 
boundaries. The first set (shown as red bars) displays the actual misorientation 
distribution measured between the neighboring grains. The black line represents 
the theoretical misorientation distribution for a randomly oriented set of grains 
[18]. Upon comparing the two data sets it was found that, solution treated 
TIMETAL LCB displays a misorientation distribution with two distinct maxima at 
low (<22.5o) and high angles (>52.5o) angles. 
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Figure 4.10. OIM map of TIMETAL LCB solution treated for 30 minutes a)grain 
boundary map (red o5.225 ≤θ≤ , black o5.525.22 <θ<  , blue o5.625.52 <θ< ) 
and b) grain boundary map key representing grain boundary misorientations.  
I 
In order to understand the effect of solution treatment time on the single 
phase microstructure, OIM analysis was performed on a sample solution treated 
at 820oC for 5 minutes (Figure 4.11). Next, grain size and grain boundary 
misorientation distribution of samples solution treated for 5 and 30 minutes were  
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Figure 4.11 OIM map of TIMETAL LCB solution treated for 5 minutes a)grain 
boundary map (green o5.225 ≤θ≤ , aqua o5.525.22 <θ< , red o5.625.52 <θ<  
) and b) grain boundary map key representing grain boundary misorientations.  
 
 
Figure 4.12 Effect of solution treatment time on the grain size of TIMETAL LCB. 
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explored through image analysis measurements. The grain size measurements 
included the mean lineal intercept method, with the grain size being determined 
from the number of grain boundaries intersecting a unit length of randomly 
distributed test lines. Comparing the quantitative image analysis results showed 
that, the grain size of single phase TIMETAL LCB increased from 27.54±5.25µm 
to 87.49±10.67µm which correlates to an increase in the solution treatment time 
from 5 to 30 minutes (Figure 4.12).  
The effect of solution treatment time on the grain boundary misorientation 
distribution was characterized by measuring the fraction grain boundary surface 
area per unit volume ( vS% ) within a given misorientation range. For this 
purpose, three types of grain boundary areas were identified based on their 
misorientation. The first group involved grain boundaries within the misorientation 
range of o5.225 ≤θ≤ . The second and the third group involved boundaries with 
misorientations o5.525.22 <θ<  and o5.625.52 <θ< , respectively. The surface 
area per unit volume of a particular interface ( jivS <θ< ) was measured by counting 
the number of each type of grain boundary area intersected with a randomly 
distributed set of five test lines, (i and j standing for the lower and upper 
misorientation angle limit within a given interval). Upon analysis it was found that, 
increasing solution treatment time from 5 to 30 minutes resulted in a variation in 
o5.225
vS −  from 0.0078µm-1±0.0041 to 0.0034µm-1±0.00166 and in 
o5.625.52
vS −  
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from 0.0064µm-1±0.0040 to 0.0041µm
-1±0.0018. 
o5.525.22
vS − , in the TIMETAL 
LCB specimen solution heat treated for 5 minutes was 0.053µm-1±0.010. Upon 
increasing solution treatment time to 30 minutes  
o5.525.22
vS −  decreased to 
0.015µm-1±0.0028. These results are presented in Figure 4.13. 
These observations suggest that, 
o5.225
vS −  and 
o5.625.52
vS −  are 
insensitive to variations in solution treatment time, whereas 
o5.525.22
vS −  is a 
strong function of the solution treatment time and decreases significantly with 
increasing solution treatment time. 
 
 
Figure 4.13. Effect of solution treatment time on the grain boundary surface area 
per unit volume.  
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4.3.2. Discussion of the Orientation Imaging Microscopy (OIM) Analysis 
 
This study has examined the grain and grain boundary structure of the 
single phase TIMETAL LCB that has been solution treated according to a 
schedule determined previously in the section 4.1. According to this procedure a 
TIMETAL LCB specimen was solution treated at 820oC for 30 minutes and 
examined through SEM and OIM. In order to understand the effect of solution 
treatment time on the single phase microstructure, another specimen, solution 
treated for 5 minutes, was also examined. 
It was shown through quantitative image analysis measurements that, 
normal grain growth occurred with increasing solution treatment time from 5 to 30 
minutes. Grain growth may be defined as a process involving the increase of the 
mean grain size by migration of grain boundaries. The driving force for the 
migration is solely the reduction of grain boundary surface area [19]. The mobility 
of boundaries during grain growth is directly proportional to their energy [20]. As 
a result, the boundaries with higher energies can be expected to be more mobile 
during grain growth and reduce their total surface area, whereas those that are 
less energetic are relatively immobile and are not expected to show a significant 
decrease in their surface area as a result of grain growth.  
It was shown in this study that, during grain growth, the surface area of 
boundaries within the misorientation range of o5.525.22 <θ<  decreased with 
increasing solution treatment time. In contrast, surface area of the grain 
boundaries within the 5-22.5o and 52-62.5o interval was insensitive to varying 
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solution treatment time. These observations suggest that grain boundaries within 
the misorientation range oo 5.625.22 ≤θ<  are mobile during grain growth and 
may be expected to have high energies, whereas those within the misorientation 
range o5.225 ≤θ≤  and o5.625.52 <θ<  tend to be immobile. The low energy of 
these may be accounted for their constant overall surface area of during grain 
growth. 
The low energy of grain boundaries within the misorientation range of 
oo 5.225 ≤θ<  can be understood by considering the Read-Shockley relationship 
[21] which correlates of the grain boundary energy ( BE ) in polycrystalline 
materials to the angular misorientation ( θ )  
 
[ ]θ−θ= lnBAEB  4.1 
 
where A and B are material related constants that depend on shear modulus, 
Burgers vector and Possion’s ratio.   
Equation 4.1 states that, grain boundary energy is a function of 
misorientation. BE  continuously increases with increasing misorientation up to  
15-20o and remain constant at higher angles (Figure 4.14).This range is typically 
taken as the limit for the transition from low- to high- angle boundaries.  
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Figure 4.14. Predicted grain boundary energy as a function of tilt angle.  
 
In order to determine the source of invariance in the surface area of grain 
boundaries with in the misorientation range oo 5.625.52 ≤θ< , the solution 
treated microstructure was explored for the presence of coincident site lattice 
(CSL) boundaries. These boundaries are referred to as coincident site lattice 
(CSL) boundaries because they form at boundary planes which allow the two 
adjoining lattices to fit together with relatively little distortion of the inter-atomic 
bonds [22]. As a result of the good fit along the boundary plane, these 
boundaries have low energies and display cusps at specific misorientations of 
energy versus angle curves [23]. 
The degree of fit between two lattices that are separated by a CSL 
boundary can be characterized by its sigma value (∑ ), which corresponds to  
the reciprocal density of the coinciding sites. Typically, the energy of the CSL 
boundaries is inversely proportional to their ∑  value. 
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In general, exact CSL orientations are not observed in actual systems. 
However, a maximum deviation from an exact CSL orientation ( mV ) can be 
defined through Brandon criterion which corresponds to the highest density of 
dislocations that can be accommodated by the boundary [24]: 
∑
−
=
2
1
om VV  
4.2 
 
where oV  is proportionality constant. Substituting 1∑ =  into equation 4.2 gives 
mV  as 15o and defines the limit for low angle boundaries. Therefore, the low 
angle boundaries also correspond to 1∑ =  CSL type boundaries.  
The distribution of CSL type boundaries in the solution treated TIMETAL 
LCB microstructure is shown in Figure 4.15. The angle/axis pair list and mV  
values for the CSL type boundaries observed in the solution treated TIMETAL 
LCB along with a map key is given in Table 4.1. The absence of a specific ∑  
value means a particular CSL boundary was not observed. Although, sigma 
values ranged from 1 to 45, the lowest energy 1∑ = (aqua) and 3∑ = (red) 
boundaries dominate the total CSL population (Figure 4.16). Note that 1∑ =  
boundaries are not plotted on this histogram. However, as shown in Figure 4.15, 
they have the highest occurrence among all CSL type boundaries. 
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Figure 4.15 Distribution of CSL type boundaries in TIMETAL LCB solution heat 
treated for 30 minutes.  
Table 4.1 Angle/Axis Pair and mV   values of several CSL type boundaries. 
 
∑  Axis Angle mV  Map Key 
1 N/A 0 15 
 
3 111 60 8.66 
 
5 100 36 6.71 
 
7 111 38.21 5.67 
 
9 110 38.94 5 
 
11 110 50.48 4.92 
 
15 210 48.19 3.87 
 
17a 100 28.07 3.64 
 
21a 111 21.79 3.27 
 
21b 211 44.4 3.27 
 
23 311 40.45 3.13 
 
29a 100 43.61 2.79 
 
39b 321 50.3 2.4 
 
45c 221 53.13 2.24 
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Figure 4.16. Frequency of CSL boundary distribution. 
 
 
Figure 4.17 Grain boundary map illustrating the distribution of grain boundaries 
with in the misorientation range 52.5-62.5o (black lines). 
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Figure 4.17 delineates the grain boundaries within the misorientation 
range 52.5-62.5o. Upon comparing Figure 4.17 to the CSL map to it was found 
that 34% of all the boundaries within the misorientation range 5.625.52 <θ<  
were ∑3  type, therefore have low energies. Although the majority of boundaries 
within the misorientation range 5.625.52 <θ<  is not ∑3 , the influence of  non-
∑3  type grain boundaries on the overall change in the grain boundary area 
during grain growth appears to be insignificant. However, it should be noted that 
these random boundaries are expected to have a higher energy than the ∑3  
CSL type boundaries.  
These observations indicate that distribution of grain boundaries within the 
solution heat treated microstructure is a function of their energy, higher grain 
boundary energy being associated with a higher mobility. As a result, frequency 
of high mobility grain boundaries decreases during grain growth. 
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4.3.3. Conclusions of the Orientation Imaging Microscopy (OIM) Analysis 
This analysis has shown that grain boundaries in solution treated 
TIMETAL LCB can be classified based on their energy as: a) type A and b) type 
B. Type A boundaries consists of grain boundaries within the misorientation 
range of o5.225 ≤≤ θ  and o5.625.52 << θ . These boundaries have relatively 
low energies and they tend to be immobile during grain growth. Type B 
boundaries consist of grain boundaries within the misorientation range of 
o5.525.22 << θ  and have higher energies. As a result, Type B boundaries tend 
to reduce their total area by grain boundary migration. In conclusion, the system 
is trying to reduce its total energy by increasing the surface area of low energy 
boundaries as suggested by Mishin et. al. [25]. 
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4.4. Elevated Temperature Phase Transformation Kinetics of TIMETAL LCB  
 
4.4.1. Results of the Phase Transformation Kinetics 
 
An understanding of the mechanisms, controlling the formation of various 
alpha morphologies and phase transformations kinetics in TIMETAL LCB, is 
important to predict the final microstructure and achieve a wide variety of 
microstructure/property combinations the alloy has to offer. This study examines 
the evolution of the morphological sequence of alpha phase during isothermal 
aging, at four different temperatures between 700-745oC, as well as the β→β+α 
phase transformation kinetics using scanning electron microscopy (SEM), 
electron backscatter diffraction (EBSD) and quantitative image analysis. 
4.4.1.1. Incubation Period 
SEM images of TIMETAL LCB samples, aged for thirty and sixty seconds, 
did not exhibit any evidence of α phase precipitation when examined under the 
field emission scanning electron microscope (FE-SEM) at a magnification of 
10000X, indicating that, β to α transformation in TIMETAL LCB does not proceed 
spontaneously upon quenching the samples to the appropriate aging 
temperature. Upon comparing the SEM micrographs it was observed that, the 
microstructure of the samples aged for thirty and sixty seconds was 
indistinguishable from the solution treated and quenched TIMETAL LCB, as 
shown in Figures 4.18 a-b. However, α phase precipitation was observed in the 
FE-SEM micrographs with increasing aging time to three minutes. 
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Figure 4.18. SEM micrographs of TIMETAL LCB a) Solution treated at 8200C for 
30 minutes followed by water quenching b) Solution treated at 8200C for 30 
minutes and subsequently aged at 7000C for 60 seconds followed by water 
quenching. 
 
This observation was independent of the aging temperature and suggests that 
the onset of α phase precipitation in TIMETAL LCB is between one and three 
minutes, when aged at temperatures greater than 700oC. 
4.4.1.2. Grain Boundary Alpha (αGRB) Precipitation 
Upon examination of the BSEI micrographs of TIMETAL LCB specimens it 
was found that, the α phase nucleated on triple point junctions and grain 
boundary surfaces when aged for three minutes. However, it was also observed 
that, transformation rate shows variation from boundary to boundary. For 
example, a series of BSEI micrographs, given in Figure 4.19, indicate that, 
amount of grain boundary alpha precipitates is not uniform along the grain 
boundaries and the early stages of the transformation may be associated solely 
with triple point junctions, as illustrated in Figure 4.19a, or grain boundary α  
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Figure 4.19. BSEI micrographs illustrating a)Grain boundary α precipitation at a 
triple point junction b) grain boundary α precipitation on a grain boundary surface 
c) grain boundary alpha film formation of TIMETAL LCB aged at 745oC for three 
minutes.  
 
precipitates may be observed on the surfaces of certain boundaries, Figure 
4.19b.In some instances, these precipitates may grow along some of the 
boundaries and form a continuous film while transformation along the 
neighboring boundaries remains incomplete, Figure 4.19c.  
The microstructures given in Figure 4.19a through c correspond to a 
specimen aged at 745oC for 3 minutes; however similar observations were made, 
through SEM investigation, for the specimens aged at lower temperatures. For 
example, a BSEI image, given in Figure 4.20, illustrates three β grain boundaries 
meeting at a triple point junction in a TIMETAL LCB specimen aged at 700oC for 
3 minutes. Grain boundary α precipitation was observed solely on the grain 
boundary between the β2 and β3 grains, GB2→3. EBSD analysis was performed to 
investigate the influence of the grain boundary structure on the precipitation of 
the α phase, however, orientation of grain boundary α crystals could not be 
examined due to the low resolution of the microscope. 
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Figure 4.20 BSEI micrograph showing three β grains meeting at a triple point 
junction in TIMETAL LCB aged at 700oC for 3 minutes.  
 
 
 
Figure 4.21. Pole figures of the a) β1 b) β2 and c) β3 grains. The common (102) 
direction in β1 and β2 grains is shown with an arrow. 
 
Average orientation of the β grains was determined through the interactive data 
collection mode of EBSD system. The pole figures corresponding to each grain 
are reconstructed using Carine Crystallography 3.1TM software and given in 
Figures 4.21a-c. This analysis indicated that β1 and β2 grains share a common 
{ }β102  pole (marked as X). A rotation of approximately 16o, about the common 
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{ }β102  pole, is required to bring β1 into coincidence with β2, indicating that GB1→2 
is a low angle boundary. The grain boundary misorientations of GB1→3 and 
GB2→3, as determined by the Oxford Crystal SoftwareTM, were 34o and 42o 
respectively. These observations indicated that α phase precipitation takes place 
preferentially on the high angle boundary, GB2→3.  
In order to verify that α precipitation is correlated with a high angle 
boundary during the early stages of β→β+α transformation, twenty four grain 
boundaries, in TIMETAL LCB specimens aged at different temperatures for 3 
minutes, were examined by means of BSEI (Figures 4.22a through h). The 
angle/axis pairs of these grain boundaries were determined by EBSD analysis 
and listed in Table 4.2. The boundaries that were associated with α phase 
precipitation were highlighted with gray color. EBSD analysis helped to 
demonstrate that, grain boundary α precipitation at 3 minutes preferentially 
occurred on high angle boundaries (θ>15-20o). However, probability of αGRB 
precipitation was not the same for all the high angle boundaries and only specific 
high angle boundaries were selected. The selection criteria will be examined in 
the following pages by considering the structure of transformed boundaries with 
varying aging time and temperature.  
SEM micrographs of the aged specimens demonstrated that, the extent of 
transformation on the prior β grain boundaries is a function of both aging time  
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Figure 4.22 BSEI images demonstrating grain boundary α precipitation in 
TIMETAL LCB specimens aged at a-b) 700oC c-d) 715oC e-f)745oC and g-
h)745oC for 3 minutes.  
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Table 4.2 Angle/Axis pairs of grain boundaries.  
 
MISORIENTATION 
AXIS T (OC) GRAIN BOUNDARY 
MISORIENTATION 
ANGLE 
u w v 
GB1→2 59.81 0.52 0.48 0.71 
GB1→3 45.69 0.54 0.36 -0.77 
GB2→3 35.22 0.45 0.51 0.73 
GB4→5 16.35 -0.79 -0.13 -0.6 
GB4→6 34.26 -0.81 -0.59 -0.05 
70
00
C 
GB5→6 42.86 -0.19 0.35 -0.92 
GB7→8 45.78 -0.71 0.07 0.54 
GB7→9 36.77 0.19 -.081 -0.55 
GB8→9 13 0.78 -0.32 0.54 
GB10→11 43.59 0.18 -0.85 0.49 
GB10→12 16.27 0.68 0.73 -0.03 
71
50
C 
GB11→12 34.07 -0.83 -0.17 -0.54 
GB13→14 57.34 0.31 -0.72 -0.62 
GB13→15 58.83 0.69 -0.2 0.7 
GB14→15 12.77 -0.22 0.33 0.92 
GB16→17 54.66 -0.29 -0.56 0.78 
GB16→18 56.88 0.65 0.62 0.44 
73
00
C 
GB17→18 28.22 -0.51 -0.51 0.69 
GB19→20 60.42 0.71 0.42 -0.56 
GB19→21 5.85 0.89 -0.41 0.22 
GB20→21 57.94 0.64 0.44 -0.63 
GB22→23 26.26 0.49 -0.28 0.82 
GB22→24 37.57 -0.17 0.97 0.18 
74
50
C 
GB23→24 37.88 -0.55 -0.81 0.19 
 
and temperature. Image analysis measurements on the SEM micrographs of the 
aged specimens have aided to quantify the influence of increasing aging time 
and varying temperature on the extend of grain boundary surface area that has 
transformed into α phase. The low magnification BSEI micrographs of samples 
aged for ten, twenty and forty minutes, as well as the equilibrium microstructures 
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were used for these measurements. In these BSEI images, two types of grain 
boundary areas were identified: a) transformed and b) untransformed. 
Transformed grain boundary area corresponds to the portion of the grain 
boundary covered with α precipitates, and untransformed area correspond to 
precipitate free regions. The surface area per unit volume of a particular interface 
( ivS ) was measured by counting the number of each type of grain boundary 
areas intersecting with five test lines ( i =transformed or untransformed). The 
transformed grain boundary surface area per unit volume was normalized to a 
fraction dtransformevS%  and may expressed in the following manner: 
100
S
SS%
total
v
dtransforme
vdtransforme
v ×=  
4.2 
 
where totalvS  is the sum of transformed and untransformed grain boundary areas 
per unit volume. 
Quantitative image analysis measurements showed that, at a given aging 
temperature the amount of transformed grain boundary area increased with 
increasing aging time, shown in Figure 4.23. However, increasing aging time at 
low undercoolings was found to have only minor influence on the grain boundary 
assisted nucleation of α phase. For example, increasing aging time from 30 to 
600 seconds increased the percentage of the transformed grain boundary area  
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Figure 4.23. Variation in the transformed grain boundary area with aging time 
and temperature. 
 
 
Figure 4.24. Low magnification BSEI micrograph of TIMETAL LCB aged at 
745oC for 17 minutes. Alpha(α) phase precipitation is confined to select grain 
boundaries.  
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Figure 4.25 High magnification BSEI micrographs demonstrating α phase 
precipitation on different regions of the same grain boundary between β1 and β2 
grains.  
 
 
Figure 4.26. Results of the EBSD analysis. a) { }α0001  b) { }α0211  c) { } 1110 β  d) 
{ } 2111 β  e) { } 2110 β  and f) { } 2111 β  pole figures. 
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from zero to only 4.94±1.33%. As a result, αGRB distribution remained in-
homogenous at low undercoolings.  For instance, a typical low magnification 
backscattered electron micrograph of TIMETAL LCB alloy aged at 745oC for 17 
minutes is given in Figure 4.24. This micrograph shows non homogenous grain 
boundary alpha distribution with αGRB precipitation being confined to ‘select’ grain 
boundaries. The BSEI examination of a transformed boundary in the same 
specimen indicates that, the grain boundary is slightly curved with α precipitates 
exhibiting disconnected structure (Figure 4.25 a and b). EBSD analysis was 
performed on this area, to investigate the grain boundary selection criteria for 
alpha phase precipitation. Crystallographic orientations of microstructural 
features of interest (α and β phases) was determined through interactive data 
collection mode of the EBSD system. The { }0001  and { }0211  pole figures of each 
α precipitate (α1, α2 and α3) were plotted using the Channel 5 software and 
superimposed (Figure 4.26a and b). Upon further examination of these pole 
figures it was found that, α1, α2 and α3 precipitates have similar orientations. 
Further examination the of β1 and β2 { }110  pole figures demonstrated that, these 
grains share a common { }110  pole and this pole is marked with X, shown in 
Figures 4.26c and e. Additionally, upon comparing the { }0001  pole figures of α 
precipitates to the { }110  pole figures of β grains it was found that, the grain 
boundary alpha precipitates have their { }0001  basal plane pole close to parallel 
to the common { }110  pole of the β grains. Finally, it was found that the upper β  
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Table 4.3. Angle/axis pairs of boundaries displaying alpha phase precipitation in 
TIMETAL LCB aged at 745oC for 17 minutes. 
 
Misorientation 
Angle 
Misorientation 
Axes 
Common 
{110} pole 
33.82 21-4 No 
32.15 -1-20 No 
56.58 4-3-8 Yes 
51.28 10-1 Yes 
55.36 011 Yes 
49.48 -101 Yes 
46.65 -110 Yes 
32.20 -4-1-2 Yes 
27.79 -4-21 Yes 
 
grain has one of its { }111  pole aligned parallel to a { }0211  pole of the grain 
boundary alpha precipitates and these parallel pole are marked with Y in Figures 
4.26b and d. As a result, the crystallographic pole figures of β1, β2 and α, are 
shown in Figure 4.41a through f, where β1 is the grain on upper part of the grain 
boundary alpha and β2 is the one below it. The relationship between the αGRB 
precipitates and the upper β grain can be represented with a pair of parallel 
planes and directions as: 
{ } βα }110{0001  and βα 1110211  
The above relations imply that α precipitates are related to the β1 grain through 
Burgers OR. In contrast, α precipitates do not hold a Burgers OR with the lower β 
grain because none of the { }111  poles of the lower β grain are parallel to a { }0211  
pole of the α precipitates. However, it was determined through Carine 
Crystallography 3.1.TM software that, a rotation of approximately 8 degrees 
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around the common { }110  pole brings the  β2 grain into a Burgers OR with the α 
precipitates. 
Additionally, nine grain boundaries, displaying αGRB precipitation, in a 
specimen aged at 745oC for 17 minutes, was examined by BSEI and their 
crystallographic information was determined through EBSD analysis. Upon 
examining all the 24 crystallographically related solutions of the angle/axis pairs 
of these grain boundaries it was found that ,7 out of 9 boundaries, were between 
β grains that share a common { }110  pole (Table 4.3). Grain boundary alpha 
precipitates were found to have a Burgers OR with one of the adjacent β grains 
and it required only a few degrees rotation (typically less than 7-8o) about the 
common { }110  to bring the adjacent matrix grain into Burgers OR with the α 
precipitates.  
In order to understand the effect of undercooling on grain boundary alpha 
phase precipitation TIMETAL LCB specimens, aged at lower temperatures and at 
comparable transformation amounts, were examined by SEM. A typical low 
magnification BSEI micrograph of TIMETAL LCB aged at 700oC for 6 minutes is 
shown in Figure 4.27. The microstructures investigated through SEM at 700oC 
showed similarities to those investigated at 745oC: 1) only certain grain 
boundaries were selected for alpha phase precipitation and 2) it was verified 
through EBSD examination that selective precipitation of alpha phase occurred 
on high grain boundaries located between β grains that share a common a { }110  
pole (Table 4.4).  
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Figure 4.27 Low magnification BSEI micrograph of TIMETAL LCB aged at 700oC 
for 6 minutes. 
 
Table 4.4. Angle/axis pairs of boundaries displaying alpha phase precipitation in 
TIMETAL LCB aged at 700oC for 6 minutes. 
 
Misorientation 
Angle 
Misorientation 
Axes 
Common 
{110} pole 
Boundary 
Type 
35.95 -23-2 No B 
30.09 4-13 Yes B 
54.21 -1-10 Yes A 
29.49 21-3 Yes B 
30.21 4-13 Yes B 
30.96 012 Yes B 
 
Quantitative image analysis measurements, shown in Figure 4.23, and 
SEM investigation indicated that, αGRB distribution becomes more homogenous 
with increasing aging time. However, the amount of transformed grain boundary 
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area is a function of aging temperature and tends to decrease with increasing 
aging temperature. For example, while the entire grain boundary area in 
TIMETAL LCB transforms into α phase when aged at 700oC at equilibrium, only 
68.34%±4.32 of the entire grain boundary area transforms into alpha phase at 
745oC. As a result, grain boundary alpha particles are distributed in- 
homogenously within the equilibrium microstructure at higher aging 
temperatures. The EBSD investigation presented in the following pages aims to 
bring an understanding to the effect of aging temperature on the transformation 
of the prior β grain boundaries by comparing the structure of transformed and un-
transformed boundaries in specimens aged at different temperatures for long 
aging times. 
A high magnification micrograph of a triple point junction at the 
intersection of three grains β1, β2 and β3, in a specimen aged at 745oC for 22 h, 
is shown in Figure 4.28. The boundaries between β1 and β2 (GB1→2) and β1 and 
β3(GB1→3) have a relatively flat structure. A single alpha precipitate can be 
identified on GB1→3, however the remaining grain boundary area appears to be 
precipitate free and αGRB precipitation is not observed on GB1→2. SEM 
examination has aided in associating, GB2→3 to perturbations in the form of a hill 
and valley structure and two thick α phase particles is found to grow into the β3 
grain from the tips of these perturbations. Upon examining the pole figures of the 
β1, β2 and β3 grains it was found that, β1 and β2 grains share a common ( )410  
direction, marked with X in Figures 4.31a and b. A rotation of about 10 degrees is 
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sufficient to bring β1 into exact coincidence with β2 and it was concluded that 
GB1→2 is a low angle boundary. Similarly, examining the pole figures of β1 and β3 
grains showed that GB1→3 is a low angle grain boundary where a 9.76 degrees 
rotation about the common ( )211 axis (marked with Y in Figures 4.29 a and c) 
brings β1 into coincidence with β3. After examining the β2 and β3 pole figures, 
GB2→3 was found to be a high angle boundary whose angle/axis pair is ( )121  
/28.74o, marked with Z in Figures 4.29 b and c. Grain boundary misorientation 
across six other precipitate free grain boundaries in a TIMETAL LCB specimen 
aged at 745oC for 22 hours was measured through EBSD and it was found that 
low angle boundaries are not preferred precipitation sites at low undercoolings. 
However, increasing undercooling promotes α phase precipitation on low angle 
boundaries. For example, Figure 4.29 shows grain boundary precipitate 
formation on a low angle grain boundary (θ=6.92) in a TIMETAL LCB sample 
aged at 700oC for 200 minutes, shown in Figure 4.30. After examining the β1 and 
β2 pole figures, a common { }120  was found and marked with X on their 
corresponding pole figures (Figures 4.31 a and b). 
4.4.1.3. Plate-Like Alpha Precipitation 
The β phase decomposes into plate-like α precipitates with increasing 
aging time. These alpha plates initially start growing from grain boundary regions 
and are referred as widmenstätten side plates, αwSP. Examination of grain  
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Figure 4.28. BSEI micrograph showing a triple point junction at the intersection 
of grains β1, β2 and β3. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 4.29. The pole figures of a) β1 b) β2 and c) β3 grains. Common axes 
between grains are indicated by arrows. 
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Figure 4.30 BSEI micrograph illustrating alpha phase precipitation on a low 
angle boundary between β1 and β2 grains.  
 
 
  
Figure 4.31.The pole figures of a) β1 and c) β3 grains. Common { }120  axis 
between these grains is indicated by an arrow. 
 
boundary regions with high magnification FE-SEM microscopy has shown that 
the αWSP morphology grows directly from the grain boundary α precipitates. For 
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example, Figure 4.32a shows the onset of αwSP growth from αGRB precipitates in a 
specimen aged at 700oC for 25 minutes. 
 Upon SEM examination it was found that, αWSP precipitates grow 
exclusively from grain boundary precipitates located on faceted boundaries. It 
appears that, the faceted nature of the grain boundary can be linked to the 
formation of a group morphology where several side plates evolve from the same 
grain boundary and align parallel to a crystallographic direction (Figure 4.33b). 
Typically, αWSP were located on only one side of a grain boundary as 
demonstrated in Figure 4.33a. However, in a few rare instances, αWSP growth on 
both sides of a grain boundary was observed with increasing aging time, 
illustrated in Figure 4.33b.  
After examining SEM micrographs of the aged specimens it was found 
that, in some instances, the grain boundary facets were not distributed 
homogenously along the entire grain boundary but localized to specific regions 
(Figure 4.34). As a result of the effect of facet formation on the morphological 
evolution of α phase, different grain boundary α morphologies grew from a single 
grain boundary. For example, the grain boundary, shown in Figure 4.34, can be 
divided into two distinct regions, defined as faceted and non-faceted regions. The 
upper part of the grain boundary region has a relatively smooth structure and 
appears to be covered by a single alpha precipitate that has developed a film like 
structure (marked α1 in Figure 4.34). The lower part of the boundary has  
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Figure 4.32. FE-SEM micrograph illustrating a) the onset of side plate growth 
from grain boundary alpha precipitates in TIMETAL LCB aged at 700oC for 25 
minutes. 
 
 
Figure 4.33. BSEI micrographs demonstrating side plate growth on a) single side 
b) both sides of the grain boundary in aged TIMETAL LCB.  
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Figure 4.34. High magnification BSEI micrograph illustrating two different grain 
boundary alpha morphologies (α1 and α2) precipitating on a grain boundary 
between β1 and β2 in TIMETAL LCB aged at 700oC for 30 minutes. 
 
dissociated into facets and single αGRB particles have formed on each facet 
(marked as α2). Further, αWSP originated solely from the αGRB that has formed on 
the faceted region of the boundary and grew into the β2 grain (marked as α3). The 
orientations of the αGRB precipitates, αWSP and adjacent β grains were determined 
by EBSD analysis and the crystallographic relationships between these phases 
were found by plotting their orientations on pole figures (Figure 4.35 a through h). 
By examining these pole figures it was found that, grain boundary precipitate α1 
and β2 grain are related to each other through Burgers OR. The parallel planes 
and directions of the Burgers OR are indicated by X and Y on their corresponding 
pole figures. On the other hand, α2 precipitates appear maintain a Burger’s OR 
with the β2 grain (marked as U and V). Through further examination of the pole 
figures, it was found that, grain boundary precipitate α2 and α3 plates  
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Figure 4.35. Results of the EBSD analysis. a) { }0001  b) { }0211  pole figures α1 
precipitates. Superimposed c) { }0001  d) { }0211  pole figures α2 and α3 
precipitates.. e) { }110  and f) { }111  pole figures of the β1 grain. g) { }110  and h) 
{ }111  pole figures of the β2 grain. 
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originating from α2 precipitate are similarly oriented. As a result, there is a 
Burgers OR between the α3 plates and the β2 and α3 plates grow into this grain, 
with which they are crystallographically related. 
The advancement of side plates were limited to only a few microns at 
temperatures less than 730oC. This observation was attributed precipitation of 
alpha precipitates within the matrix. These alpha plates, which precipitate 
homogenously inside the β grains, are called widmenstätten intragranular plates 
(αWIG) and they are the final morphology to form during β→β+α transformation. 
Upon examining the high magnification SEM micrographs of the aged 
specimens, it was found that αWIG particles tend to precipitate in front of the 
growing αWSP and inhibit αWSP growth (Figure 4.36).An αWIG precipitate that has 
inhibited the lengthening of αwSP precipitates is marked as X in Figure 4.36b. In 
the same figure, an αwSP precipitate (marked as Y in Figure 4.36) was identified 
to advance further into the β matrix when compared to the remaining αwSP colony 
that have formed on the same grain boundary. The enhanced lengthening of this 
particular αwSP precipitate was correlated to the absence of αWIG particles in front 
of the advancing αWSP/β interface.  
At a fixed transformation time, the extent of plate like alpha formation is a 
function of aging temperature. Figures 4.37 a through d are BSEI micrographs 
illustrating the effect of aging temperature on the evolution of plate-like α 
precipitates. All the specimens presented in these figures were aged for 
comparable amounts of times (i.e. between 40 and 50 minutes). At 50 minutes,  
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Figure 4.36. FE-SEM micrograph illustrating oriented side plate growth into β 
matrix in TIMETAL LCB aged at 700oC for 200 minutes. 
 
evidence of plate like alpha precipitates could not be found upon examining the 
BSEI micrographs of the specimen aged at 745oC and it was concluded that the 
nucleation sites are limited solely to grain boundaries at this stage. Plate-like α 
formation was observed after decreasing the aging temperature to 730oC with 
the precipitation sites being limited to grain boundary regions. At 700oC and 
715oC, side plate formation was more pronounced when compared to 730oC. 
The variation in the side plate volume fraction as a function of aging temperature 
was quantified at 40 minutes by systematic point counting and shown in Figure 
4.38. The average volume fraction value given at 745oC was obtained at 60 
minutes and is presented for solely comparison purposes. The systematic point 
counting has helped to demonstrate that, αSP volume fraction is a function of 
aging temperature and decreases with increasing aging temperature.  
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Figure 4.37 Evolution of alpha precipitates in TIMETAL LCB specimens aged at 
a) 700oC for 40 min. b)715oC for 50 min c)730oC for 40 min d)745oC for 50 min.  
 
Additionally, decreasing aging temperature to 715oC at 40 minutes introduced 
new nucleation sites promoting intragranular alpha, αWI, formation within the β 
matrix grains. Increasing amounts of αSP and αWI with decreasing aging 
temperature, at a fixed aging time, indicates that the kinetics of αwSP and αWI 
formation depends markedly on aging temperature and the isothermal aging 
times required for the plates to grow into detectable sizes increases with 
decreasing under cooling. 
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Figure 4.38. Influence of aging temperature on the side plate volume fraction at 
40 minutes. The data point presented at 745oC correspond to 60 minutes aging. 
 
4.4.1.4. Global Phase Transformation Kinetics 
The overall variation in the alpha phase volume fraction at successively 
increasing aging times have been quantified by systematic point counting and is 
shown in Figures 4.39 a though b, as well as typical BSEI micrographs 
corresponding to different transformation stages. The SEM observations and the 
results of quantitative image analysis measurements can be summarized as 
follows: 
1) β phase decomposes into three different alpha phase morphologies when 
aged within the temperature range of 700-745oC. 
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2) The sequence of morphological evolution of alpha phase can be described in 
the following manner:  
-  Independent of the aging temperature, the alpha phase forms 
heterogeneously on the β grain boundaries (αGRB).  
-  Widmenstätten side plates (αWSP) appear along the αGRB and grow into 
the β matrix grains.  
- Intragranular alpha plates (αWI) are produced during isothermal aging of 
TIMETAL LCB. 
As a result of these events the α phase volume fraction increases continuously 
with increasing aging time and reaches an equilibrium state at relatively long 
aging times. Equilibrium defines the state during which volume fractions of α and 
β phases are insensitive to variations in aging time. The influence of temperature 
on the equilibrium volume fraction of α phase was determined through systematic 
point counting (Figure 4.40). Upon examining the volume fraction data it was 
found that, at 700oC, the equilibrium volume fraction of α phase is approximately 
20% and continuously decreases with increasing aging temperature. These 
observations are in agreement with previous studies on metastable β titanium 
alloys [1].  
A series of back scattered electron micrographs, demonstrating the 
equilibrium microstructures of TIMETAL LCB specimens aged at various 
temperatures, imply that equilibrium microstructure at any given temperature is a 
result of  contribution from various transformation products, consisting of grain  
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Figure 4.39 Variation in the volume fraction of α phase with aging time and 
corresponding BSEI micrographs at a) 700oC b)715oC c)730oC and d)745oC.  
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Figure 4.39 Continued. 
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Figure 4.40. Equilibrium volume percent of α phase as a function of aging 
temperature. 
 
boundary alpha (αGB), side plates (αSP) and intragranular alpha plates(αIG). 
(Figures 4.41 a through d).As a result, the equilibrium α phase volume fraction 
eqm,
TV
α
 is the sum of volume fractions of each these transformation products 
present within the microstructure and can be expressed as: 
 
eqm,
IG
eqm,
SP
eqm,
GRB
eqm,
T VVVV
αααα ++=  4.3 
 
where eqm,GRBV
α
, 
eqm,
SPV
α
 and eqm,IGV
α are the equilibrium volume fractions of grain 
boundary alpha, side plates and intragranular alpha plates, respectively. The 
volume fraction of these transformation products as a function of aging 
temperature were measured by systematic point counting and shown in Figure 
4.42a-c. The immediate observations that can be withdrawn from these  
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Figure 4.41. Equilibrium microstructures of TIMETAL LCB samples aged a) 
700oC b)715oC c) 730oC and d)745oC. 
 
 
Figure 4.42. Equilibrium volume percent of a)Grain boundary α b) Side plates c) 
Intragranular α plate. 
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measurements are: 1) Grain boundary alpha volume fraction is relatively 
insensitive to variations in the aging temperature. 2) Side plate as well as the 
intragranular alpha volume fractions are functions of aging temperature, amount 
of both morphologies decreasing with increasing temperature. 
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4.4.2. Discussion of the Phase Transformation Kinetics 
This investigation has shown that, microstructures that developed during 
the isothermal β→β+α transformation in TIMETAL LCB are sensitive to both 
transformation temperature and time. Furthermore, TIMETAL LCB follows the 
general trends of morphological classification system suggested by Dube [26] 
and extended by Aaronson [27] and the various shapes of alpha crystals develop 
in TIMETAL LCB during aging can be classified into a few distinctive and well 
defined morphologies.as:  
- Grain boundary allotriomorphs: Crystals which nucleate at grain 
boundaries in the matrix phase and grow more or less preferentially along 
these boundaries.  
- Widmenstätten side plates: These plates originate from alpha 
precipitates on the β/β grain boundaries and grow along well defined 
matrix planes. 
- Intragranular Widmenstätten Plates: These plates form within the matrix 
grains  
Prior to precipitation, an incubation period was observed suggesting the 
presence of an activation energy barrier which is characteristic to diffusional 
phase transformations [28]. Upon exceeding this critical incubation period the 
first transformation product to occur, over the temperature range 700-745oC, is 
αGRB. Examination of the SEM micrographs of aged specimens have helped to 
demonstrate that, grain boundary precipitation does not occur simultaneously on 
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all boundaries upon quenching the sample to aging temperature and precipitation 
along ‘select’ boundaries occur earlier during the transformation. High angle 
boundaries were preferred over low angle boundaries during the early stages of 
the isothermal β→β+α transformation, as well as at small undercoolings (TST-T), 
even at extended aging times.  
These observation can be can be understood by considering the effect of 
grain boundary energy on the grain boundary nucleation rate [45].  
Consider two hypothetical microstructures of similar grain sizes for this 
purpose. The first system consists of solely high angle grain boundaries and low 
angle grain boundaries are the only heterogeneous nucleation sites available 
with in the second system. Further, the energies of all the grain boundaries within 
a given system are assumed to be the same. Both systems are isothermally heat 
treated at a temperature such that phase transformations take place solely on the 
grain boundaries are, i.e transformation temperature is slightly below the Tβ.  
Next the classical form of Johnson-Mehl-Avrami equation [29-32] will be 
applied to bring an understanding the varying transformation kinetics on high 
angle and low angle grain boundaries. According to the JMA equation, the time 
corresponding to the start of transformations (f=0.01), irrespective of the grain 
boundary misorientation can be given as: 
n
101.0
k
01.0t =  4.4 
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The values of rate and Avrami constants can be found from a plot of )
f1
1ln(ln
−
 
versus timeln , where the intersection of this curve with the time axis gives the 
logarithm of rate constant, k and the slope corresponds to the Avrami constant, 
n. In general, n depends on the growth geometry and changes when this 
geometry alters. The value of k, however, is a function of both nucleation (
⋅
N) and 
growth (
⋅
G ) rates [46].  
At temperatures close to Tβ, the nucleation rate is expected to be very 
slow, however very high growth rates can be expected if long range diffusion 
processes control the growth of alpha particles. As a result, the rate of 
transformation is controlled by the nucleation rate, i.e. the slower mechanism.  
Re-writing equation 2.35. and assuming similar ϖ , mG∆ , and hetC  values 
at a given transformation temperature and grain size, the ratio of nucleation rate 
on the low angle boundaries to that on the high angle boundaries can be given 
as: 

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where ∗∆ LAGBG   and ∗∆ HAGBG  are the free energies of formation for the critical 
nuclei on low angle and high angle grain boundaries, respectively. It should be 
noted that, assuming similar concentration of nucleation sites for high and low 
angle boundaries is not a realistic approach, however, since the activation 
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energy is an exponential term in Equation 4.7, it is expected to have a more 
pronounced effect on the nucleation rate than the increase in the number of 
nucleation sites with varying grain boundary structure. Assuming a coherent 
interface structure for critical nuclei on both boundary types the ratio 
∗
∗
∆
∆
HAGB
LAGB
G
G
 may be expressed as: 
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where LAGBcos θ  and HAGBcos θ  are contact angle between the precipitate and 
the low angle and high angle grain boundary, respectively. θcos  depends on the 
energy of the boundary as well as on the orientation of the precipitate with 
respect to the adjoining grains. This will increase as the energy of the boundary 
decreases[45]. As ∗∆ LAGBG  becomes larger than ∗∆ HAGBG , the exponential term 
in Equation 4.7 will be a large number and nucleation rate on high angle 
boundaries will be higher than on low angle boundaries. Since the rate constant 
of the JMA equation is directly proportional to the nucleation rate, decreasing 
nucleation rate will shift the nose of the start curve of the TTT diagram will 
towards longer times, for a microstructure consisting of low angle boundaries 
compared to one with high angle boundaries (Figure 4.43a).  
As shown through EBSD analysis, transformation rate on low angle grain 
boundaries is also a function of aging temperature. At equilibrium, the un-  
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Figure 4.43 Effect of a) Grain boundary energy b) undercooling on α phase 
precipitation. 
 
transformed grain boundary area at lower undercoolings was associated with low 
angle boundaries, whereas low angle boundaries successfully completed their at 
higher undercoolings. Slower transformation rates on low angle boundaries at 
higher aging temperatures can be understood by considering the effect of 
undercooling on the free energy of formation of the critical nucleus. Re-calling 
equation 3.23 gives: 





 θ−θ+
∆
piγ
=∆ αβ 2
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3
* )cos1)(cos2(
2
1
G3
16
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Since vG∆  is directly proportional to the undercooling, the activation energy 
barrier to nucleation increases with increasing aging temperature. A hypothetical 
TTT diagram for a material consisting of only low angle boundaries is presented 
in Figure 4.43b and demonstrates that a larger undercooling will result in faster 
transformation kinetics.  
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Further, selection was made based on the orientation of two β grains with 
respect to each other. It was found that, the majority of the grain boundaries 
associated with alpha phase precipitation, tend to lie between two β grains 
sharing a common }110{  pole. Alpha (α) precipitates forming on these 
boundaries have a Burgers OR with respect to one of the β grains. As a result of 
the common }110{  direction, α precipitates maintain an orientation relationship 
close to the Burgers with respect to the adjacent beta grain. These observations 
are consisted with Furuhara et. al. who have shown that in a metastable β 
titanium alloy Ti-15-3 alpha precipitates tend to maintain coherency with respect 
to both of the matrix grains [47]. Bhattacharyya et. al.[48] suggested that an α 
particle will maintain good coherency in the c direction, if this particle precipitates 
on a boundary with a pure tilt character with the tilt axis being a common 
β>< 110  direction (Figure 4.46a). Since the interplanar spacings (d) of { }α0002  
and { }β110  planes are similar ( { }
o
A263.20002d =α  and { }
o
A300.2110d =β ) and 
the alpha phase has its { }α0001  pole parallel to the common { }β110  pole, a good 
match is expected across the α/β interface. These authors also argued that good 
coherency may still be maintained even if the boundary deviates from pure tilt 
orientation (Figure 4.44 b). As a result, α/β interfacial energy )( αβγ  will be 
reduced on both sides of the boundary and the activation energy barrier for  
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Figure 4. 44. Schematic representation of α phase precipitation on a) a pure tilt 
boundary b) a boundary deviating from pure tilt character [48].  
 
 
Figure 4.45. Variation in the a) percentage of transformed grain boundary area 
b) grain boundary alpha thickness with aging temperature. 
 
nucleation decreases. It can be concluded that, α precipitation on boundaries 
favoring these conditions is promoted and the first α precipitates to form tend to 
destroy grain boundary area with a high ββγ  while minimizing αβγ  as much as 
possible.  
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Furthermore, the volume fraction measurements have also helped to 
demonstrate that, equilibrium grain boundary α phase volume fraction is 
insensitive to variations in aging temperature. However, it was also found that 
both grain boundary α phase distribution and thickness are functions of 
temperature, Figures 4.45a and b. Distribution of grain boundary α particles was 
quantified as by measuring the fraction of the transformed grain boundary 
surface area per unit volume and it was found that, at any given transformation 
time, transformed grain boundary area increases with decreasing aging  
temperature. For example, 40% of the grain boundary area was still in an 
untransformed state after aging the TIMETAL LCB specimen at 745oC for 
approximately 22 hours. As a result, grain boundary alpha phase distribution is 
not homogenous on the prior β grain boundaries as shown in Figure 4.46a. Even 
at these extended aging times, some grain boundaries exhibited a precipitate 
free structure, as shown with arrows in Figure 4.46a. In contrast, the entire grain 
boundary area have transformed after aging at 700oC for approximately 3 hours 
as is shown in Figure 4.46b. Increasing grain boundary transformation with 
decreasing temperature can be associated with the rapid lengthening of αGRB 
particles along the boundary with decreasing aging temperature. For example, 
Figure 4.47a and b shows transformation of three grain boundaries, first into 
disconnected α precipitates located on the triple point and on one of the grain  
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Figure 4.46.BSEI micrograph illustrating a)non uniform grain boundary α 
distribution in TIMETAL LCB aged at 745oC. Arrows indicate untransformed grain 
boundary area b) uniform grain boundary α distribution in TIMETAL LCB aged at 
700oC. 
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boundary surfaces then, with increasing aging time, into grain boundary alpha 
thin film wetting the entire grain boundary area bounding the triple point junction. 
Investigating SEM microstructures of the specimens aged at 700oC for three and 
ten minutes demonstrated that, upon forming on the prior β grain boundaries 
alpha phase precipitates rapidly grows along these boundaries and consume the 
untransformed grain boundary area.  
The apparent thickness of the approximately one hundred grain boundary 
α precipitates were measured using BSEI micrographs of aged TIMETAL LCB 
specimens. Upon this analysis it was found that, the thickest grain boundary 
alpha particles were observed at the lowest undercooling and the thickness of  
grain boundary alpha precipitates decreased with decreasing aging temperature, 
Figure 4.45. As a result, the opposing effect of the aging temperature on the 
transformed grain boundary area and grain boundary α thickness the overall 
equilibrium volume fraction of grain boundary alpha phase remained insensitive 
to variations in aging temperature. 
The second transformation product that was observed during aging 
TIMETAL LCB specimens was αWSP. αWSP precipitates emerges from grain 
boundary alpha precipitates located on faceted boundaries. These grain 
boundary facets are parts of a grain boundary that deviate from the main 
direction of the boundary and often lie along the low index crystal planes [49]. 
Figure 4.48 is a schematic representation of grain boundary structure before and 
after faceting. 
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Figure 4.47. BSEI micrograph illustrating a) α phase precipitation at a triple point 
junction in TIMETAL LCB aged for 3 minutes b) rapid lengthening of alpha phase 
precipitates along the grain boundaries with increasing aging time to 10 minutes.  
 
 
Figure 4.48 Schematic illustration of the relationship between the closed packed 
β planes and the grain boundary plane along a a) flat boundary b) faceted 
boundary. 
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In Figure 4.48a the original boundary structure is depicted with the { } 1110 β  and 
{ } 2110 β  planes being inclined to the grain boundary plane at angles 1α  and 2α , 
respectively. Faceting introduces repetitive structural units to the grain boundary 
plane, with the boundary plane within each unit being parallel to two different 
crystallographic planes, shown as  1φ  and 2φ where 1φ  lies parallel to the closed 
packed { } 1110 β  direction in the β1 grain (Figure 4.48b).  
Higher αWSP volume percent measured at lower temperatures can be 
attributed to increasing %Sv of faceted boundaries with decreasing aging 
temperature, shown in Figure 4.49.  
Segregation of impurities to the grain boundaries is one of the 
mechanisms that can cause faceting of grain boundaries. This phenomenon due 
to impurities has been reported to occur in Cu-Bi[36-41], Fe-(Sb, Te)[41] and Ni-
(S, Te, Bi)[42] systems, and occurs most likely if there is a large difference 
between the host and impurity atoms. In a β titanium alloy, Ti-15-3, Del Prado et. 
al. has shown evidence of oxygen segregation to the grain boundaries [43]. 
Relatively large difference in the atomic radii of titanium (
o
A47.1rTi = ) and 
oxygen (
o
A73.0rTi = ) atoms imply that oxygen segregation to the grain 
boundaries may be one of the mechanisms controlling the faceting of β grain 
boundaries. The fact that faceting became more pronounced with decreasing 
aging temperature supports these view since the amount solution segregation to  
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Figure4.49. Effect of aging temperature on the percentage of equilibrium faceted 
grain boundary area per unit volume )faceted(S% v . 
 
the grain boundaries increases with decreasing temperature and the equilibrium 
segregation of the solute can be  described by the McLean’s equation as [44]: 
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4.7. 
 
Where xb and xm are the solute concentration at the grain boundary and in the 
matrix respectively and ∆G is the segregation free energy. It should also be 
noted that examination of approximately one hundred grain boundaries in 
solution treated microstructure via SEM confirmed that faceting was not present 
prior to aging and was induced with undercooling 
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Finally, αWI formation, within the matrix grains was observed with 
increasing aging time. Upon systematic point counting, the volume fraction of 
these intragranular plates was found to increase with decreasing aging 
temperature. Intragranular plates form by homogenous nucleation, therefore, 
increasing amount of intragranular plates with decreasing aging temperature may 
be explained by considering the effect of undercooling on the driving force 
required for homogenous nucleation. Re-calling equation 3.23 gives: 
V
3
*
G3
16G
∆
piγ
=∆  3.23 
 
This equation states that the activation energy required for critical nuclei 
formation by means of homogenous nucleation decreases with increasing VG∆ . 
Since VG∆  is directly proportional to the amount of undercooling, intragranular 
nucleation occurs more easily at lower temperatures.  
The global transformation kinetics of titanium alloys are typically 
expressed by the classical form of Johhson-Mehl-Avrami (JMA) equation [29-30]. 
The volume fraction of  second phase  at any given transformation time is given 
as: 
)ktexp(1
V
Vf n−−==
α
α
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where k  and n  being the rate and Avrami constants, respectively. )t(Vα  is the 
volume fraction of alpha phase at a given reaction time and V  is the equilibrium 
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volume fraction. Taking the natural logarithms of both sides of equation 4.7 twice 
gives the equation of a straight line as: 
tlnnkln
)t(V1
1lnln +=
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

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



−
α
 
4.8 
 
The slope of this straight line is given by the Avrami constant, while its intercept 
with the y-axis is given by the rate constant. 
 The results of applying Equation 4.8 to the volume fraction data obtained 
at the aging temperatures considered in this study are plotted in Figures 4.50 a 
through d. It appears that transformation kinetics up to 745oC can be described 
by two stages which correspond to two straight lines on the plots. During the first 
stage, the slopes vary from 0.98 to 1.24 until the αGRB+αSP transformation is 
completed (shown with arrows on Figure 4.30a through d) and in the second 
stage n values increase from 1.81to 2.19.  
SEM examination has helped to verify that when α particles form on the 
grain boundaries they lengthen quite rapidly consuming the available nucleation 
sites. The elongated shape of grain boundary allotriomorphs results from the 
greater rate of lengthening along the boundary than the rate of thickening. 
Further evolution of grain boundary precipitates is seen to take place by growth 
of side plates into the matrix grains. 
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Figure 4.50. Application of JMA law to isothermal phase transformation kinetics 
at a)700oC b)715oC c)730oC and d)745oC. 
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Figure 4.50. Continued. 
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As predicted by the theory governing the growth of second phase precipitates, 
both the lengthening rates of grain boundary alpha and plate-like particles are 
independent of reaction time [27]. This condition should result in an Avrami 
constant of n=1 if the transformation is controlled by early grain boundary 
saturation due to enhanced diffusion along the grain boundaries followed by  one 
dimensional lengthening of the αSP precipitates during the reaction. 
Through volume fraction measurements it was found that, the aging time 
corresponding to the increase in the slope in the second stage of transformation, 
is related to the completion of αGB+αSP transformation. As a result, the β→β+α 
transformation in the second stage, continues by the growth of αWI precipitates. 
As suggested by Darmkroger et. al. [33], the slopes of kinetic curves should 
approach n=2 if the transformation is taking place solely by two dimensional 
growth of intragranular plates.  
At 745oC a different phenomenon was observed in the JMA analysis. A 
single straight line was found, implying a single stage of transformation and SEM 
observations have shown that side plate and intragranular α formation is 
negligible at this stage, thus, the entire transformation can be associated with a 
single transformation product, i.e. grain boundary alpha. Under these conditions, 
experimental kinetics can be described by a single straight line with a slope of 
0.79. At these high temperatures, the lattice diffusion is expected to dominate 
over the grain boundary diffusion [34] and the theory predicts that the thickness 
of plate like particles increases with the square root of time 21)time(  [35]. As a 
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result of one dimensional thickening of grain boundary precipitates, through 
lattice diffusion the slopes of the kinetic curves should approach to 0.5. Thus 
value is slightly lower than the experimental value obtained in this study. 
The observed phase transformation sequence, i.e. formation of αGRB 
followed by αWSP growth from αGRB and finally intragranular αWIG precipitation 
within the matrix grains, can be summarized on a Time-Temperature-
Transformation (TTT) graph, shown in Figure 4.51 This graph is defined by the 
locus of points which represent the time to nucleate a detectable degree of 
transformation of different α phase morphologies at constant temperature. The 
incubation periods required for the precipitation of these alpha phase 
morphologies were determined by systematic point counting and examining the 
electron micrograph images of the aged TIMETAL LCB specimens and Upon 
comparing this graph, to that was previously reported by Azimzadeh, it was found 
that the TTT curve of TIMETAL LCB obtained during the present study has 
shifted towards shorter times which is indicative of faster transformation kinetics. 
A possible explanation for this discrepancy is the use of different techniques to 
detect the onset of α phase precipitation. In his study Azimzadeh[6]. has used X-
ray diffraction and optical microscopy to detect α phase precipitation. He also 
noted, X-ray diffraction failed to detect α precipitation  
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Figure 4.51 Time-Temperature-Transformation(TTT) curve of TIMETAL LCB 
obtained by a) Electron microscopy and image analysis b) Optical microscopy 
and –X-ray diffraction techniques as reported by Azimzadeh [5]. 
 
 that occurred preferentially on the grain boundaries. In that study, optical 
microscopy was used, which has inferior resolution when compared to SEM. 
Comparing measurements in Figure 4.51 have shown that electron microscopy 
coupled with image analysis is more sensitive to small α phase precipitation 
amounts. As a result, α phase precipitation occurring at shorter aging times was 
successfully detected using the method found in this study. 
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4.4.3. Conclusions of the Phase Transformation Kinetics 
In this investigation, the isothermal β→β+α phase transformation kinetics 
were investigated. Upon SEM examination it was found that the metastable β 
phase can decompose into a variety of transformation products when aged below 
the β transus temperature. The sequence of transformation includes αGRB, 
followed by αWSP and finally αWI 
Precipitation αGRB showed quantitative variations from boundary to 
boundary during the earlier stages of the reaction suggesting that activation 
energy barrier for αGRB precipitation is lower along certain boundaries. It was 
shown through EBSD analysis that, grain boundary α precipitates tend to form 
initially on high energy high angle boundaries. and these boundaries tend to lie 
between β grains that share a common >< 110  direction. The α precipitates are 
related to one of the adjacent β grains through Burger OR and show very small 
(7-8o) deviation from Burgers OR with the opposite β grain As a result, the α/β 
interfacial energy is minimized on both side of the boundary. 
Grain boundary surface area that has transformed into α phase increased 
with increasing aging time. At equilibrium grain boundary alpha phase volume 
fraction was found to be independent of aging temperature. However, distribution 
and thickness of grain boundary alpha phase were functions of temperature. 
More homogenous grain boundary alpha distribution can be obtained by 
decreasing aging temperature at the expense of decreasing average αGRB 
thickness. By EBSD examination it was shown that, alpha(α) phase formation on 
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low angle grain boundaries does not occur at small undercoolings even at 
extended aging times. As a result, the amount of transformed grain boundary 
area of the equilibrium microstructure decreases with decreasing undercooling. 
Both αWSP and αWIG volume fractions increased with decreasing aging 
temperature. SEM examination suggested that, side-plate formation is controlled 
by grain boundary structure, faceted boundaries promoting side plate growth. 
The overall kinetics of β→β+α transformation was quantified by image 
analysis measurements. The β→β+α phase transformation kinetics was 
explained using the classical form of the Johnson-Mehl-Avrami (JMA) equation 
and different mechanisms governing progression of phase transformations were 
identified. The JMA analysis has aided to demonstrate that the mechanism of 
β→β+α transformation depends on aging temperature. At lower aging 
temperatures, the phase transformation in TIMETAL LCB was found to be 
controlled by the rapid lengthening of the grain boundary α and side plates at the 
early stages of the transformation. Increased transformation included two 
dimensional growth of intragranular plates. At 745oC the overall kinetics was 
controlled by thickening of grain boundary α precipitates.  
An improved time-temperature –transformation (TTT) diagram for 
TIMETAL LCB was plotted, and contributions of different α morphologies on the 
overall phase transformation kinetics were identified.  
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CHAPTER V 
 
SUMMARY AND CONCLUSIONS 
 
The present investigation has examined the mechanisms controlling the 
precipitation of various alpha(α) phase morphologies which form during the 
elevated temperature beta(β)→beta(β)+alpha(α) phase transformations in 
TIMETAL LCB.  
The β→β+α phase transformation starts after an incubation period, upon 
lowering the temperature below the β transus temperature (Tβ) of the alloy. The 
first sites that transform, independent of the aging temperature, are the grain 
boundaries. During the early stages of the reaction, αGRB precipitates are 
distributed non-uniformly and localized to specific boundaries. The specific 
choice of a boundary depends on the ability of a boundary minimizing the 
activation energy barrier required for αGRB precipitation. At each instance, the 
αGRB particles maintain a Burger’s orientation relationship (OR) with one of the 
adjacent β grains and decrease the activation energy barrier required for their 
precipitation. Further reduction in the activation energy barrier is possible if the 
αGRB particles maintain coherency with both of the adjacent β matrix grains, 
thereby have a low α/β interfacial free energy. A coherent α/β interface structure 
is possible if αGRB particles maintain Burger’s OR with one of the β grains and 
hold an orientation relationship close to Burger’s (typically within 7-8o) with the 
adjacent β grain. This criterion can be satisfied if two adjacent β matrixes share a 
common {110} direction.  
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The uniformity of αGRB precipitates increases and the entire grain 
boundary area transforms into αGRB precipitates with increasing aging time at 
high undercoolings. However, equilibrium microstructure of the aged specimens 
display untransformed grain boundary area at low undercoolings (T-Tβ≈30oC). 
The untransformed grain boundary area at these undercoolings is associated 
with low angle boundaries because of the insufficient driving force required to 
overcome the activation energy barrier. 
Once the orientation of αGRB is established and Burger’s OR is maintained 
with one of the adjacent β grains, αWSP starts to grow from αGRB. αWSP particles 
have the same orientation with the αGRB precipitates and emerge from αGRB 
located on faceted grain boundaries. Grain boundaries dissociate into micron 
sized facets exclusively after quenching the specimen below Tβ suggesting that, 
oxygen segregation to the grain boundaries may be responsible from faceting of 
the boundaries  
The final morphology that forms during isothermal β→α+β transformation 
is αWIG particles which precipitate homogenously within the β matrix. The aging 
time required to initiate αWIG precipitation increases with decreasing 
undercooling. The αWIG volume fraction at equilibrium is a function of aging 
temperature, with the lower aging temperatures being associated with higher 
αWIG amount. These observations suggest that, the driving force for αWIG 
formation is the volume free energy change which is a direct function of the 
amount undercooling, Tβ-T. 
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The Johnson-Mehl-Avrami (JMA) analysis of the global β→β+α 
transformation kinetics suggests that, below 745oC, αGRB particles rapidly 
lengthen along the β grain boundaries and consume the available nucleation 
sites. Upon grain boundary saturation, β→β+α transformation progresses by the  
αWSP growth from αGRB into the β matrix. As a result, the early stages of the 
phase transformation kinetics are controlled by the one dimensional lengthening 
of αWSP. Once αGRB+αSP transformation is complete, further progression of the 
transformation takes place by the two dimensional growth of αWIG particles. 
Phase transformation kinetics at 745oC is associated with a single stage, where 
β→β+α transformation occur solely by one dimensional thickening of αGRB 
particles. The contribution of different α morphologies on the phase 
transformation kinetics in TIMETAL LCB was identified and summarized on a 
time-temperature -transformation (TTT). 
These findings imply that, it is possible to enhance the kinetics αGRB 
precipitation by controlling the relative orientation of two β grains, with the grain 
boundaries between two β grains sharing a common {110} direction being 
preferential nucleation sites during aging. While this approach may reduce the 
thermo-mechanical processing times, further research is required to achieve a 
control over the orientation distribution of β grains in the single phase 
microstructure. 
Furthermore, the distribution and density of αGRB, αWSP and αWIG particles 
can be controlled by altering the solution treatment schedule, grain boundary 
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character distribution, aging time and temperature and alloy composition to 
achieve property variations for the specific needs of an application.  
For example, under equivalent tensile properties, α phase volume fraction, 
and prior beta grain size the high cycle fatigue (HCF) behavior of metastable 
beta titanium alloys is controlled by the contiguity of αGRB, a higher contiguity ratio 
being associated with a decreased crack initiation resistance. This study has 
demonstrated the possibility of controlling the continuity of αGRB by varying low 
angle- to the high angle-boundary ratio within the single phase microstructure, 
through the proper choice of solution treatment condition. As a result, αGRB 
precipitation can be promoted solely on high angle grain boundaries, while the 
untransformed low angle boundary area enhancing the discontinuity between 
αGRB particles. Finally, it is possible to adjust the volume fraction of the αGRB 
particles by varying the aging time and temperature.  
Fracture toughness of metastable β titanium alloys is important where 
damage tolerance is required and promoted by precipitation of αWSP particles. It 
is, hereby, suggested that at a given aging temperature it is possible to control 
the size, spacing, volume fraction and distribution of αWSP particles by altering the 
alloy composition, such as the oxygen content, and promoting oxygen 
segregation to the grain boundaries. Higher oxygen segregation may be 
responsible for the enhanced grain boundary faceting and promote αWSP 
precipitation during aging.   
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APPENDIX 
 
VOLUME FRACTION DATA 
 
The total volume fraction of alpha (α) phase, as well as volume fraction of 
grain boundary alpha (αGRB), widmenstätten side plates and intragranular alpha 
(αWI),  at various aging treatment conditions employed during this study were 
determined through systematic point counting and tabulated in Tables A1 
through 16.  
Average volume percent (PP), standard deviation ( )V( Vσ ) and accuracy of 
the measurements (%acc) are reported in Tables A17 through.A32. 
 2
1
6
Table A.1. Total Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes and aged at 
7450C for subsequently increasing times. 
 
Image 
Number 0.5 m 1 m 7 m 10 m 12 m 15 m 17 m 
1 0 0 0 0 0 0.52 0.26 
2 0 0 0.52 0.26 0 0 0 
3 0 0 0 0 0.52 0 0.26 
4 0 0 0 0.52 0 0.52 0.52 
5 0 0 0 0.26 0.52 0.26 1.3 
6 0 0 0 0 0.52 0.52 0.26 
7 0 0 0 0 0 0.26 0.78 
8 0 0 0 0.26 0 0 0.26 
9 0 0 0 0 0 0.78 0.52 
10 0 0 0.26 0.26 1.04 0 0 
 
Image 
Number 30 m 60 m 120 m 182 m 1333 m 1980 m 
1 1.04 2.08 3.12 1.82 5.20 6.24 
2 0.78 0.78 1.82 5.46 4.68 6.24 
3 0.78 1.56 2.34 2.34 4.94 7.54 
4 0.52 1.04 2.6 2.86 4.16 3.9 
5 0.26 0.52 2.08 1.56 5.98 4.16 
6 0.52 0.52 4.16 2.08 4.94 6.24 
7 0.26 0.78 0.52 3.9 4.94 4.16 
8 0.26 1.3 4.94 2.86 5.20 4.94 
9 0 1.3 2.34 0.78 4.16 3.68 
10 0.26 0 1.30 3.12 4.42 4.94 
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Table A.2. Total Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes and aged at 
7300C for subsequently increasing times. 
 
Image  
Number 0.5 m 1 m 7 m 10 m 12 m 15 m 20 m 35 m 40 m 50 m 60 m 
1 0 0 0.26 0.26 0.78 0.26 1.04 1.82 3.12 2.86 3.64 
2 0 0 0.26 0.52 0 1.04 1.3 1.56 2.34 3.12 4.42 
3 0 0 0 0.78 0.78 1.56 1.82 2.6 3.90 1.82 2.86 
4 0 0 0.52 0.52 0.26 0.78 1.56 1.56 0.26 2.86 3.12 
5 0 0 0 0.26 1.04 1.30 1.56 1.04 1.56 2.08 3.38 
6 0 0 0.26 0.26 0.52 0.78 0 3.12 2.34 3.38 3.12 
7 0 0 0.78 0.78 0.26 0.78 1.56 0.26 2.60 2.86 1.56 
8 0 0 0.26 0.26 0.52 1.04 1.56 2.60 1.82 4.42 4.94 
9 0 0 0 0.52 0.52 0.78 1.56 1.56 1.30 2.60 3.9 
10 0 0 0.26 0 0.52 0.52 0.26 2.08 1.82 2.86 2.86 
 
Image  
Number 70 m 80 m 100 m 195 m 210 m 220 m 250 m 285 m 315 m 330 m 
1 4.42 5.46 6.50 9.36 7.54 5.72 8.84 7.28 8.58 8.58 
2 2.60 4.94 5.46 10.57 8.58 7.54 6.50 7.02 8.84 9.10 
3 2.86 3.64 5.20 7.8 10.40 7.54 6.76 8.58 8.58 7.28 
4 3.9 4.16 2.60 9.36 7.285 8.32 9.10 11.70 7.02 7.28 
5 4.42 6.76 4.68 6.50 6.50 8.58 6.50 10.92 7.28 5.72 
6 3.90 3.34 4.16 5.72 8.84 8.32 12.48 7.02 5.98 8.84 
7 5.72 5.20 7.28 4.84 6.76 8.065 7.54 8.06 8.32 7.54 
8 4.94 4.16 4.68 5.46 5.20 10.92 8.325 7.02 10.145 7.02 
9 4.68 4.16 5.72 7.54 7.54 6.24 7.02 9.10 6.25 8.84 
10 3.90 5.20 5.46 7.02 7.02 8.32 8.06 10.14 9.92 9.88 
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Table A.3. Total Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes and aged at 
7150C for subsequently increasing times. 
 
Image 
number 0.5 m 1 m 5 m 10 m 12 m 15 m 25 m 35 m 
1 0 0 0 0.26 0.78 1.56 2.08 1.56 
2 0 0 0.26 0.52 0.26 1.04 0.78 4.16 
3 0 0 0.26 0.78 0.78 1.04 3.38 4.68 
4 0 0 0.52 0.26 1.04 1.04 2.60 3.12 
5 0 0 0 1.30 0.78 1.04 2.60 4.94 
6 0 0 0.26 0 0.78 1.04 2.08 2.86 
7 0 0 0 0.78 0.78 1.56 2.08 4.93 
8 0 0 1.04 0.26 0.26 0.52 2.86 3.12 
9 0 0 0.26 0.26 1.04 0.78 1.30 3.64 
10 0 0 0 0.56 0.78 1.3 2.08 3.38 
 
Image 
number 40 m 50 m 60 m 91 m 126 m 133 m 200 m 430 m 
1 4.42 7.82 7.54 10.40 16.91 17.95 18.47 18.21 
2 2.86 4.16 4.42 8.06 13.27 15.61 17.69 20.55 
3 4.42 4.16 4.68 10.66 14.31 12.48 17.69 18.99 
4 5.20 4.94 5.20 8.32 13.01 16.13 17.43 18.47 
5 4.16 4.68 7.86 9.36 12.49 18.74 18.47 18.47 
6 3.90 4.68 3.90 9.62 15.09 16.13 17.69 18.73 
7 3.38 4.68 9.89 7.28 14.31 14.315 19.77 18.21 
8 4.42 4.16 4.94 9.88 11.97 15.35 17.43 17.95 
9 3.38 4.16 4.94 9.10 15.09 15.61 17.69 18.21 
10 3.90 6.50 6.50 7.80 13.53 13.79 17.17 17.95 
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Table A.4. Total Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes and aged at 
7000C for subsequently increasing times. 
 
Image Number 0.5 m 1 m 5 m 7 m 10 m 12 m 15 m 20 m 25 m 30 m 
1 0 0 0.52 1.04 1.30 1.04 2.86 3.12 1.82 3.12 
2 0 0 1.30 1.30 1.04 1.82 0.78 3.12 3.38 4.16 
3 0 0 0.78 0.26 1.04 1.82 2.34 2.60 3.9 3.64 
4 0 0 0.52 0.78 0.78 1.39 2.08 3.38 3.12 4.425 
5 0 0 0.78 0.26 1.56 0.78 2.08 2.60 1.56 4.68 
6 0 0 1.04 1.56 1.82 0.52 1.82 2.60 2.60 3.12 
7 0 0 0.52 1.30 0.78 1.04 1.56 3.64 3.38 4.68 
8 0 0 0.26 1.04 0.26 1.82 2.08 2.34 4.68 3.64 
9 0 0 0.26 1.04 1.82 1.82 2.08 1.82 3.64 4.94 
10 0 0 0.52 0.52 1.30 1.30 0.523 2.60 5.20 4.42 
 
Image 
 Number 40 m 45 m 50 m 55 m 60 m 80 m 125 m 200 m 
1 4.425 6.76 7.545 9.36 12.22 18.99 20.03 23.68 
2 4.945 9.1 4.945 7.8 10.145 22.64 19.78 26.54 
3 5.2 8.32 10.925 8.06 10.145 16.91 20.03 19.77 
4 4.42 7.02 7.8 8.32 6.24 17.17 21.07 20.55 
5 7.02 6.76 7.03 11.96 9.62 16.91 20.55 20.03 
6 4.94 5.72 3.4 9.62 8.325 16.91 17.17 19.25 
7 6.24 4.68 5.98 5.46 8.32 15.615 15.615 19.25 
8 4.42 4.945 7.28 5.465 10.4 14.57 20.29 19.25 
9 6.76 6.24 7.02 8.845 11.44 16.39 19.25 20.29 
10 4.94 7.8 8.32 7.285 11.18 16.91 19.25 18.99 
 2
2
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Table A5. Grain Boundary Alpha Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes 
and aged at 7450C for subsequently increasing times. 
 
Image  
Number 0.5 m 1 m 7 m 10 m 12 m 15 m 17 m 
1 0 0 0 0 0 0.52 0.26 
2 0 0 0.52 0.26 0 0 0 
3 0 0 0 0 0.52 0 0.26 
4 0 0 0 0.52 0 0.52 0.52 
5 0 0 0 0.26 0.52 0.26 1.30 
6 0 0 0 0 0.52 0.52 0.26 
7 0 0 0 0 0 0.26 0.78 
8 0 0 0 0.26 0 0 0.26 
9 0 0 0 0 0 0.78 0.52 
10 0 0 0.26 0.26 1.04 0 0 
 
Image Number 30 m 60 m 120 m 182 m 1333 m 1980 m 
1 1.04 1.3 1.56 1.30 5.2 5.20 
2 0.78 0.52 1.30 2.86 2.34 4.42 
3 0.78 1.30 2.34 1.82 3.38 5.46 
4 0.52 1.04 1.82 2.34 2.08 2.08 
5 0 0.52 1.30 1.04 5.20 3.64 
6 0.52 0.52 2.08 1.56 4.16 4.42 
7 0.26 0.78 0.52 3.38 4.42 2.86 
8 0.26 1.04 3.64 2.34 3.64 4.16 
9 0 1.04 2.34 0.52 3.38 2.64 
10 0 0 1.30 3.12 3.12 2.60 
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Table A6. Grain Boundary Alpha Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes 
and aged at 7300C for subsequently increasing times. 
 
Image  
number 0.5 m 1 m 7 m 10 m 12 m 15 m 20 m 35 m 40 m 50 m 60 m 
1 0 0 0.26 0.26 0.78 0.26 1.04 1.04 2.34 2.60 2.86 
2 0 0 0.26 0.52 0 1.04 1.3 1.56 2.08 2.34 2.60 
3 0 0 0 0.78 0.78 1.56 1.82 2.08 3.64 1.56 2.34 
4 0 0 0.52 0.52 0.26 0.78 1.56 1.56 0 2.86 2.60 
5 0 0 0 0.26 1.04 1.30 1.56 1.04 1.30 1.56 2.86 
6 0 0 0.26 0.26 0.52 0.78 0 3.125 1.82 2.60 2.34 
7 0 0 0.78 0.78 0.26 0.78 1.56 0.26 2.08 2.60 1.56 
8 0 0 0.26 0.26 0.52 1.04 1.56 1.82 1.82 3.125 3.64 
9 0 0 0 0.52 0.52 0.78 1.56 1.56 1.30 2.08 2.86 
10 0 0 0.26 0 0.52 0.52 0.26 1.82 1.56 2.60 2.34 
 
Image 
 number 70 m 80 m 100 m 195 m 210 m 220 m 250 m 285 m 315 m 330 m 
1 3.12 2.86 3.38 4.42 4.42 2.60 4.16 2.34 3.38 4.16 
2 2.34 3.38 3.64 5.72 4.16 3.64 4.42 3.64 5.72 3.90 
3 2.34 2.86 3.9 4.16 4.94 3.90 3.90 5.46 5.20 2.60 
4 1.30 2.86 1.82 4.16 4.16 4.16 3.12 3.90 3.90 3.64 
5 2.86 3.9 2.6 4.42 3.90 4.16 2.08 5.98 4.68 3.64 
6 3.38 2.04 2.86 3.90 5.46 5.98 5.72 4.94 2.08 4.42 
7 3.90 3.38 4.68 2.76 2.34 3.38 4.42 4.16 3.64 5.46 
8 4.42 3.64 2.60 4.16 3.90 4.42 3.64 3.38 4.16 3.12 
9 2.86 3.12 3.12 3.9 3.90 3.90 4.42 5.20 3.12 4.16 
10 2.6 3.12 3.64 3.38 3.125 4.16 4.16 4.68 4.42 5.98 
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Table A7. Grain Boundary Alpha Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes 
and aged at 7150C for subsequently increasing times. 
 
Image  
number 0.5 m 1 m 5 m 10 m 12 m 15 m 25 m 35 m 
1 0 0 0 0.26 0.78 1.30 1.04 1.04 
2 0 0 0.26 0.52 0.26 1.04 0.78 2.60 
3 0 0 0.26 0.78 0.78 0.78 2.86 3.64 
4 0 0 0.52 0.26 1.04 1.04 2.34 2.60 
5 0 0 0 1.30 0.78 1.04 2.08 3.64 
6 0 0 0.26 0 0.78 1.04 2.08 2.34 
7 0 0 0 0.78 0.78 1.56 1.56 4.16 
8 0 0 1.04 0.26 0.26 0.26 2.34 2.86 
9 0 0 0.26 0.26 1.04 0.78 1.30 3.12 
10 0 0 0 0.56 0.78 1.30 1.82 2.86 
 
Image  
number 40 m 50 m 60 m 91 m 126 m 133 m 200 m 430 m 
1 3.12 5.48 3.9 4.16 5.98 4.16 3.90 3.90 
2 2.34 3.125 3.125 3.38 3.90 3.90 4.68 5.46 
3 4.16 2.34 3.125 5.46 4.94 4.42 4.68 4.16 
4 4.68 2.60 3.64 3.64 4.42 5.20 4.16 4.94 
5 3.12 2.86 5.48 4.68 4.42 7.03 4.16 4.94 
6 1.82 3.125 1.82 4.42 3.90 4.16 4.68 4.42 
7 2.60 3.64 7.29 1.82 4.16 3.38 4.94 4.16 
8 3.38 3.12 3.38 3.64 1.82 3.90 5.20 3.90 
9 2.86 2.60 3.64 5.46 3.90 5.20 3.90 4.94 
10 3.12 4.68 4.16 3.38 4.68 3.90 4.42 4.68 
 2
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Table A8. Grain Boundary Alpha Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes 
and aged at 7000C for subsequently increasing times. 
 
Image  
number 0.5 m 1 m 5 m 7 m 10 m 12 m 15 m 20 m 25 m 30 m 
1 0 0 0.52 1.04 1.3 1.04 2.60 2.86 1.56 2.08 
2 0 0 1.30 1.30 1.04 1.82 0.78 2.60 2.86 3.12 
3 0 0 0.78 0.26 1.04 1.82 1.56 2.60 3.38 3.12 
4 0 0 0.52 0.78 0.78 1.04 1.82 2.60 2.86 3.12 
5 0 0 0.78 0.26 1.56 0.78 1.82 2.60 0.78 3.90 
6 0 0 1.04 1.56 1.82 0.26 1.82 2.34 2.34 2.34 
7 0 0 0.52 1.30 0.78 1.04 1.56 3.64 2.86 3.12 
8 0 0 0.26 1.04 0.26 1.82 2.08 2.08 4.42 3.12 
9 0 0 0.26 1.04 1.82 1.82 2.08 1.82 2.34 3.12 
10 0 0 0.52 0.52 1.3 1.04 0.52 2.08 3.64 3.64 
 
Image  
number 40 m 45 m 50 m 55 m 60 m 80 m 125 m 200 m 
1 3.12 4.16 2.60 4.94 4.16 4.94 4.68 4.94 
2 3.12 3.90 3.12 2.86 2.86 4.94 4.16 5.72 
3 3.90 5.72 5.20 4.94 4.68 4.16 3.90 4.42 
4 2.60 3.90 3.90 3.90 3.38 4.68 4.94 3.90 
5 4.16 2.86 4.43 5.98 5.46 4.16 4.42 4.94 
6 2.60 3.64 1.06 4.42 3.38 3.90 5.46 4.68 
7 1.82 1.82 3.38 2.86 4.42 4.68 4.42 3.38 
8 3.64 3.12 4.94 3.12 3.90 4.16 4.94 4.94 
9 5.72 2.60 4.16 3.90 4.68 3.64 4.16 4.42 
10 3.64 4.16 4.16 2.08 3.64 3.38 4.16 4.16 
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Table A9. Side Plate Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes and aged at 
7450C for subsequently increasing times. 
 
Image  
Number 0.5 m 1 m 7 m 10 m 12 m 15 m 17 m 
1 0 0 0 0 0 0 0 
2 0 0 0 0 0 0 0 
3 0 0 0 0 0 0 0 
4 0 0 0 0 0 0 0 
5 0 0 0 0 0 0 0 
6 0 0 0 0 0 0 0 
7 0 0 0 0 0 0 0 
8 0 0 0 0 0 0 0 
9 0 0 0 0 0 0 0 
10 0 0 0 0 0 0 0 
 
Image  
Number 30 m 60 m 120 m 182 m 1333 m 1980 m 
1 0 0.52 0.52 0.52 0 1.04 
2 0 0.26 0.52 1.30 1.56 1.04 
3 0 0.26 0 0.52 0.26 1.04 
4 0 0 0.26 0 0.78 0.52 
5 0.26 0 0.78 0 0 0.52 
6 0 0 1.82 0.52 0.78 0.78 
7 0 0 0 0.52 0 0.26 
8 0 0.26 0.52 0.26 0.52 0.52 
9 0 0.26 0 0 0.26 0.78 
10 0.26 0 0 0 0.26 1.04 
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Table A10. Side Plate Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes and aged 
at 7300C for subsequently increasing times. 
 
Image 
number 0.5 m 1 m 7 m 10 m 12 m 15 m 20 m 35 m 40 m 50 m 60 m 
1 0 0 0 0 0 0 0 0.52 0.52 0.26 0.52 
2 0 0 0 0 0 0 0 0 0.26 0.78 1.04 
3 0 0 0 0 0 0 0 0.52 0.26 0 0.52 
4 0 0 0 0 0 0 0 0 0.26 0 0 
5 0 0 0 0 0 0 0 0 0.26 0.52 0.26 
6 0 0 0 0 0 0 0 0 0.52 0.78 0.78 
7 0 0 0 0 0 0 0 0 0.52 0.26 0 
8 0 0 0 0 0 0 0 0.78 0 0.78 0.78 
9 0 0 0 0 0 0 0 0 0 0.52 0.52 
10 0 0 0 0 0 0 0 0.26 0.26 0.26 0.52 
 
Image  
number 70 m 80 m 100 m 195 m 210 m 220 m 250 m 285 m 315 m 330 m 
1 1.04 1.04 1.56 1.56 1.04 1.04 1.30 1.82 1.56 1.82 
2 0.26 0.78 0.26 1.56 1.56 2.34 0 0.78 1.04 1.82 
3 0.26 0.78 1.30 1.56 1.30 1.04 1.82 1.04 1.04 0.78 
4 1.30 1.30 0.78 1.82 0 1.30 2.08 4.94 0.52 0.78 
5 0.52 1.56 1.04 0.26 1.30 1.56 1.56 1.56 1.04 0 
6 0.52 0 0.52 0.52 1.30 1.04 3.90 0.52 1.56 1.30 
7 0.78 0.78 1.30 0.52 2.34 1.56 0.78 1.3 1.82 1.04 
8 0.52 0.52 1.30 1.04 0.52 1.3 1.56 0.78 3.12 1.30 
9 1.30 0.52 1.04 1.30 1.56 0.26 0.78 1.82 0 1.56 
10 0.78 1.04 1.56 2.08 1.30 1.30 1.30 1.30 1.82 1.82 
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Table A11. Side Plate Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes and aged 
at 7150C for subsequently increasing times. 
 
Image  
Number 0.5 m 1 m 5 m 10 m 12 m 15 m 25 m 35 m 
1 0 0 0 0 0 0.26 0.52 0.52 
2 0 0 0 0 0 0 0 1.04 
3 0 0 0 0 0 0.26 0.52 1.04 
4 0 0 0 0 0 0 0.26 0.52 
5 0 0 0 0 0 0 0.52 1.30 
6 0 0 0 0 0 0 0 0.52 
7 0 0 0 0 0 0 0.52 0.52 
8 0 0 0 0 0 0.26 0.52 0.26 
9 0 0 0 0 0 0 0 0.26 
10 0 0 0 0 0 0 0.26 0.52 
 
Image  
Number 40 m 50 m 60 m 91 m 126 m 133 m 200 m 430 m 
1 0.78 1.82 3.125 2.08 4.42 5.20 4.42 4.42 
2 0.52 1.04 0.78 2.08 2.08 3.64 3.64 4.16 
3 0.26 1.3 0.78 1.82 2.60 2.86 3.12 4.16 
4 0.26 1.82 1.30 1.56 1.82 2.34 4.16 3.38 
5 1.04 1.82 1.56 2.6 1.04 3.90 3.64 3.12 
6 1.30 1.3 1.04 2.34 3.38 3.64 3.12 3.38 
7 0.52 0 1.56 2.34 3.38 3.12 3.12 4.68 
8 1.04 1.04 1.04 2.34 2.86 2.08 2.08 2.86 
9 0.52 1.04 0.26 1.30 2.60 2.08 3.38 3.12 
10 0.78 1.56 1.56 1.82 2.08 1.82 2.86 3.12 
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Table A12. Side Plate Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes and aged 
at 7000C for subsequently increasing times. 
 
Image  
Number 0.5 m 1 m 5 m 7 m 10 m 12 m 15 m 20 m 25 m 30 m 
1 0 0 0 0 0 0 0.26 0.26 0.26 1.04 
2 0 0 0 0 0 0 0 0.52 0.52 0.78 
3 0 0 0 0 0 0 0.78 0 0.52 0.52 
4 0 0 0 0 0 0.26 0.26 0.78 0 0.52 
5 0 0 0 0 0 0 0.26 0 0.26 0.52 
6 0 0 0 0 0 0.26 0 0.26 0.26 0.78 
7 0 0 0 0 0 0 0 0 0.52 1.56 
8 0 0 0 0 0 0 0 0.26 0.26 0 
9 0 0 0 0 0 0 0 0 0 0.78 
10 0 0 0 0 0 0.26 0 0.52 1.56 0.78 
 
Image  
Number 40 m 45 m 50 m 55 m 60 m 80 m 125 m 200 m 
1 1.04 1.82 1.82 2.60 4.16 4.68 4.16 8.85 
2 1.04 2.34 1.04 1.56 3.12 6.77 6.25 5.46 
3 0.52 1.82 3.12 1.56 3.12 4.16 4.68 5.46 
4 1.04 1.30 2.86 2.6 1.30 4.16 5.46 4.94 
5 1.82 2.6 1.56 3.38 1.56 3.90 5.20 5.46 
6 1.56 1.56 1.04 1.56 1.82 4.42 4.94 4.68 
7 2.34 2.08 0.78 0.78 1.30 3.12 3.125 5.20 
8 0.52 1.04 1.30 0.78 3.64 3.38 5.20 4.16 
9 0.26 1.82 2.08 1.82 2.60 3.90 5.20 5.46 
10 1.30 2.08 1.82 3.12 3.64 5.20 4.94 4.68 
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Table A13. Intragranular Alpha Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes 
and aged at 7450C for subsequently increasing times. 
 
Image  
Number 0.5 m 1 m 7 m 10 m 12 m 15 m 17 m 
1 0 0 0 0 0 0 0 
2 0 0 0 0 0 0 0 
3 0 0 0 0 0 0 0 
4 0 0 0 0 0 0 0 
5 0 0 0 0 0 0 0 
6 0 0 0 0 0 0 0 
7 0 0 0 0 0 0 0 
8 0 0 0 0 0 0 0 
9 0 0 0 0 0 0 0 
10 0 0 0 0 0 0 0 
 
Image  
Number 30 m 60 m 120 m 182 m 1333 m 1980 m 
1 0 0.26 1.04 0 0 0 
2 0 0 0 1.30 0.78 0.78 
3 0 0 0 0 1.30 1.04 
4 0 0 0.52 0.52 1.30 1.30 
5 0 0 0 0.52 0.78 0 
6 0 0 0.26 0 0 1.04 
7 0 0 0 0 0.52 1.04 
8 0 0 0.78 0.26 1.04 0.26 
9 0 0 0 0.26 0.52 0.26 
10 0 0 0 0 1.04 1.30 
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Table A14. Intragranular Alpha Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes 
and aged at 7300C for subsequently increasing times. 
 
Image  
number 0.5 m 1 m 7 m 10 m 12 m 15 m 20 m 35 m 40 m 50 m 60 m 
1 0 0 0 0 0 0 0 0.26 0.26 0 0.26 
2 0 0 0 0 0 0 0 0 0 0 0.78 
3 0 0 0 0 0 0 0 0 0 0.26 0 
4 0 0 0 0 0 0 0 0 0 0 0.52 
5 0 0 0 0 0 0 0 0 0 0 0.26 
6 0 0 0 0 0 0 0 0 0 0 0 
7 0 0 0 0 0 0 0 0 0 0 0 
8 0 0 0 0 0 0 0 0 0 0.52 0.52 
9 0 0 0 0 0 0 0 0 0 0 0.52 
10 0 0 0 0 0 0 0 0 0 0 0 
 
Image  
number 70 m 80 m 100 m 195 m 210 m 220 m 250 m 285 m 315 m 330 m 
1 0.26 1.56 1.56 3.38 2.08 2.08 3.38 3.12 3.64 2.60 
2 0 0.78 1.56 3.29 2.86 1.56 2.08 2.60 2.08 3.38 
3 0.26 0 0 2.08 4.16 2.6 1.04 2.08 2.34 3.90 
4 1.30 0 0 3.38 3.125 2.86 3.9 2.86 2.60 2.86 
5 1.04 1.30 1.04 1.82 1.30 2.86 2.86 3.38 1.56 2.08 
6 0 1.30 0.78 1.30 2.08 1.30 2.86 1.56 2.34 3.12 
7 1.04 1.04 1.30 1.56 2.08 3.125 2.34 2.60 2.86 1.04 
8 0 0 0.78 0.26 0.78 5.2 3.12 2.86 2.86 2.60 
9 0.52 0.52 1.56 2.34 2.08 2.08 1.82 2.08 3.12 3.12 
10 0.52 1.04 0.26 1.56 2.6 2.86 2.6 4.16 3.68 2.08 
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Table A15. Intragranular Alpha Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes 
and aged at 7150C for subsequently increasing times. 
 
Image  
Number 0.5 m 1m 5 m 10 m 12 m 15 m 25 m 35 m 
1 0 0 0 0 0 0 0.52 0 
2 0 0 0 0 0 0 0 0.52 
3 0 0 0 0 0 0 0 0 
4 0 0 0 0 0 0 0 0 
5 0 0 0 0 0 0 0 0 
6 0 0 0 0 0 0 0 0 
7 0 0 0 0 0 0 0 0.25 
8 0 0 0 0 0 0 0 0 
9 0 0 0 0 0 0 0 0.26 
10 0 0 0 0 0 0 0 0 
 
Image  
Number 40 m 50 m 60 m 91 m 126 m 133 m 200 m 430 m 
1 0.52 0.52 0.52 4.16 6.51 8.59 10.15 9.89 
2 0 0 0.52 2.60 7.29 8.07 9.37 10.93 
3 0 0.52 0.78 3.38 6.77 5.20 9.89 10.67 
4 0.26 0.52 0.26 3.12 6.77 8.59 9.11 10.15 
5 0 0 1.30 2.08 7.03 7.81 10.67 10.41 
6 0.78 0.26 1.04 2.86 7.81 8.33 9.89 10.93 
7 0.26 1.04 1.04 3.12 6.77 7.81 11.71 9.37 
8 0 0 0.52 3.90 7.29 9.37 10.15 11.19 
9 0 0.52 1.04 2.34 8.59 8.33 10.41 10.15 
10 0 0.26 0.78 2.60 6.77 8.07 9.89 10.15 
 
 
 2
3
1
Table A16. Intragranular Alpha Volume Percent Data of TIMETAL LCB Solution Treated at 8200C for 30 minutes 
and aged at 7000C for subsequently increasing times. 
 
Image  
Number 0.5 m 1 m 5 m 7 m 10 m 12 m 15 m 20 m 25 m 30 m 
1 0 0 0 0 0 0 0 0 0 0 
2 0 0 0 0 0 0 0 0 0 0.26 
3 0 0 0 0 0 0 0 0 0 0 
4 0 0 0 0 0 0 0 0 0.26 0.78 
5 0 0 0 0 0 0 0 0 0.52 0.26 
6 0 0 0 0 0 0 0 0 0 0 
7 0 0 0 0 0 0 0 0 0 0 
8 0 0 0 0 0 0 0 0 0 0.52 
9 0 0 0 0 0 0 0 0 1.30 1.04 
10 0 0 0 0 0 0 0 0 0 0 
 
Image  
Number 40 m 45 m 50 m 55 m 60 m 80 m 125 m 200 m 
1 0.26 0.78 3.12 1.82 3.9 9.37 11.19 9.89 
2 0.78 2.86 0.78 3.38 4.16 10.93 9.37 15.36 
3 0.78 0.78 2.60 1.56 2.34 8.59 11.45 9.89 
4 0.78 1.82 1.04 1.82 1.56 8.33 10.67 11.71 
5 1.04 1.30 1.04 2.60 2.60 8.85 10.93 9.63 
6 0.78 0.52 1.3 3.64 3.125 8.59 6.77 9.89 
7 2.08 0.78 1.82 1.82 2.60 7.81 8.07 10.67 
8 0.26 0.78 1.04 1.56 2.86 7.03 10.15 10.15 
9 0.78 1.82 0.78 3.12 4.16 8.85 9.89 10.41 
10 0 1.56 2.34 2.08 3.90 8.33 10.15 10.15 
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Table A177. Average Total Volume Percent (PP), Standard Deviation ( )V( Vσ ) 
and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 820oC for 30 
minutes and aged at 745oC for subsequently increasing times. 
time(min) PP σ(Vv) acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
7 0.07 0.17 9.94 
10 0.15 0.18 5.47 
12 0.26 0.36 6.31 
15 0.28 0.28 4.56 
17 0.41 0.39 4.34 
30 0.46 0.32 3.17 
60 0.98 0.59 2.74 
120 2.52 1.29 2.33 
182 2.67 1.31 2.23 
1333 4.86 0.54 0.50 
1980 5.20 1.29 1.13 
Table A188. Average Total Volume Percent (PP), Standard Deviation ( )V( Vσ ), 
and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 820oC for 30 
minutes and aged at 730oC for subsequently increasing times. 
time(min) PP σ(VV) acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
7 0.26 0.24 4.21 
10 0.41 0.25 2.78 
12 0.52 0.3 2.63 
15 0.88 0.37 1.91 
20 1.22 0.61 2.28 
35 1.82 0.83 2.08 
40 2.10 1.00 2.17 
50 2.88 0.71 1.12 
60 3.38 0.93 1.25 
70 4.13 0.92 1.01 
80 4.70 1.01 0.98 
100 5.17 1.28 1.13 
195 7.41 1.88 1.15 
210 7.56 1.43 0.86 
220 7.95 1.40 0.80 
250 8.11 1.80 1.01 
285 8.68 1.73 0.90 
315 8.09 1.42 0.80 
330 8.00 1.24 0.70 
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Table A19. Average Total Volume Percent (PP), Standard Deviation ( )V( Vσ ), 
and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 820oC for 30 
minutes and aged at 715oC for subsequently increasing times. 
time(min) PP σ(VV) acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
5 0.26 0.32 5.61 
10 0.49 0.37 3.44 
12 0.72 0.26 1.64 
15 1.09 0.31 1.29 
25 2.18 0.74 1.54 
35 3.63 1.06 1.33 
40 4.00 0.67 0.76 
50 4.99 1.21 1.10 
60 5.98 1.90 1.45 
91 9.04 1.14 0.57 
126 13.99 1.45 0.47 
133 15.61 1.84 0.53 
200 17.95 0.76 0.19 
430 18.57 0.76 0.18 
Table A20. Average Total Volume Percent (PP), Standard Deviation ( )V( Vσ ), 
and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 820oC for 30 
minutes and aged at 700oC for subsequently increasing times. 
time(min) PP σ(VV) acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
5 0.65 0.33 7.32 
7 0.91 0.44 6.97 
10 1.17 0.49 6.04 
12 1.32 0.48 5.24 
15 1.82 0.70 5.55 
20 2.78 0.53 2.75 
25 3.32 1.14 4.95 
30 4.08 0.66 2.33 
40 5.33 0.98 2.65 
45 6.73 1.41 3.02 
50 7.02 2.01 4.13 
55 8.21 1.94 3.41 
60 9.8 1.76 2.59 
80 17.3 2.18 1.81882 
125 19.3 1.66 1.24 
200 20.76 2.44 1.69 
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Table A21. Average Grain Boundary Alpha Volume Percent (PP), Standard 
Deviation ( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 
820oC for 30 minutes and aged at 745oC for subsequently increasing times. 
time(min) PP σ(VV) acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
7 0.078 0.17 9.94 
10 0.15 0.18 5.47 
12 0.26 0.36 6.31 
15 0.28 0.28 4.56 
17 0.41 0.39 4.34 
30 0.42 0.37 4.02 
60 0.80 0.41 2.33 
120 1.82 0.84 2.10 
182 2.02 0.94 2.12 
1333 3.69 1.06 1.31 
1980 3.74 1.16 1.41 
Table A22. Average Grain Boundary Alpha Volume Percent (PP), Standard 
Deviation ( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 
820oC for 30 minutes and aged at 730oC for subsequently increasing times. 
time(min) PP σ(VV) acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
7 0.26 0.24 13.32 
10 0.41 0.25 8.80 
12 0.52 0.30 8.32 
15 0.88 0.37 6.06 
20 1.22 0.61 7.21 
35 1.58 0.75 6.85 
40 1.79 0.92 7.41 
50 2.38 0.51 3.09 
60 2.6 0.53 2.94 
70 2.91 0.87 4.31 
80 3.11 0.51 2.36 
100 3.22 0.80 3.58 
195 4.09 0.76 2.68 
210 4.03 0.86 3.08 
220 4.03 0.86 3.08 
250 4.00 0.95 3.42 
285 4.36 1.08 3.57 
315 4.03 1.05 3.76 
330 4.1 1.00 3.52 
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Table A23. Average Grain Boundary Alpha Volume Percent (PP), Standard 
Deviation ( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 
820oC for 30 minutes and aged at 715oC for subsequently increasing times. 
time(min) PP σ(VV) acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
5 0.26 0.32 17.76 
10 0.49 0.37 10.89 
12 0.72 0.26 5.21 
15 1.01 0.35 5.00 
25 1.82 0.64 5.07 
35 2.88 0.86 4.31 
40 3.12 0.83 3.83 
50 3.35 0.99 4.26 
60 3.9 1.44 5.32 
91 4.00 1.09 3.93 
126 4.21 1.05 3.59 
133 4.52 1.05 3.35 
200 4.47 0.43 1.38 
430 4.55 0.52 1.64 
Table A24. Average Grain Boundary Alpha Volume Percent (PP), Standard 
Deviation ( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 
820oC for 30 minutes and aged at 700oC for subsequently increasing times. 
time(min) PP σ(VV) acc(%) 
0.5 0.00 - -- 
1 0.00 - -- 
5 0.65 0.33 7.32 
7 0.91 0.44 6.97 
10 1.17 0.49 6.04 
12 1.24 0.54 6.28 
15 1.66 0.61 5.30 
20 2.52 0.50 2.86 
25 2.70 1.03 5.50 
30 3.07 0.53 2.49 
40 3.43 1.06 4.46 
45 3.58 1.06 4.27 
50 3.69 1.22 4.77 
55 3.90 1.19 4.40 
60 4.05 0.77 2.74 
80 4.26 0.53 1.79 
125 4.52 0.47 1.50 
200 4.55 0.65 2.06 
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Table A25. Average Side Plate Volume Percent (PP), Standard Deviation 
( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 820oC for 
30 minutes and aged at 745oC for subsequently increasing times. 
time(min) PP σ(VV) Acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
7 0.00 -- -- 
10 0.00 -- -- 
12 0.00 -- -- 
15 0.00 -- -- 
17 0.00 -- -- 
30 0.05 0.10 8.77 
60 0.16 0.18 5.13 
120 0.44 0.56 5.80 
182 0.36 0.41 5.19 
1333 0.44 0.49 5.08 
1980 0.75 0.28 1.70 
Table A26. Average Side Plate Volume Percent (PP), Standard Deviation 
( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 820oC for 
30 minutes and aged at 730oC for subsequently increasing times. 
time(min) PP σ(VV) Acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
7 0.00 -- -- 
10 0.00 -- -- 
12 0.00 -- -- 
15 0.00 -- -- 
20 0.00 -- -- 
35 0.20 0.29 20.92 
40 0.28 0.19 9.79 
50 0.42 0.3 10.30 
60 0.49 0.33 9.72 
70 0.71 0.38 7.72 
80 0.83 0.43 7.47 
100 1.06 0.43 5.85 
195 1.22 0.61 7.21 
210 1.22 0.62 7.33 
220 1.27 0.52 5.90 
250 1.50 1.03 9.91 
285 1.58 1.25 11.41 
315 1.35 0.84 8.98 
330 1.22 0.58 6.86 
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Table A27. Average Side Plate Volume Percent (PP), Standard Deviation 
( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 820oC for 
30 minutes and aged at 715oC for subsequently increasing times. 
time(min) PP σ(VV) Acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
5 0.00 -- -- 
10 0.00 -- -- 
12 0.00 -- -- 
15 0.07 0.12 22.20 
25 0.31 0.23 10.70 
35 0.65 0.35 7.77 
40 0.70 0.34 7.01 
50 1.27 0.55 6.25 
60 1.30 0.76 8.43 
91 2.02 0.40 2.85 
126 2.62 0.95 5.23 
133 3.06 1.05 4.95 
200 3.35 0.66 2.84 
430 3.64 0.64 2.53 
Table A28. Average Side Plate Volume Percent (PP), Standard Deviation 
( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 820oC for 
30 minutes and aged at 700oC for subsequently increasing times. 
time(min) PP σ(VV) Acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
5 0.65 0.33 7.32 
7 0.91 0.44 6.97 
10 1.17 0.49 6.04 
12 1.24 0.54 6.28 
15 1.66 0.61 5.30 
20 2.52 0.5 2.86 
25 2.70 1.03 5.50 
30 3.07 0.53 2.49 
40 3.43 1.06 4.46 
45 3.58 1.06 4.27 
50 3.69 1.22 4.77 
55 3.90 1.19 4.40 
60 4.05 0.77 2.74 
80 4.26 0.53 1.79 
125 4.52 0.47 1.50 
200 4.55 0.65 2.06 
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Table A29. Average Intragranular Alpha Volume Percent (PP), Standard 
Deviation ( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 
820oC for 30 minutes and aged at 745oC for subsequently increasing times. 
time(min) PP σ(VV) Acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
7 0.00 -- -- 
10 0.00 -- -- 
12 0.00 -- -- 
15 0.00 -- -- 
17 0.00 -- -- 
30 0.00 -- -- 
60 0.02 0.08 14.39 
120 0.26 0.38 6.67 
182 0.28 0.41 6.68 
1333 0.73 0.47 2.93 
1980 0.70 0.52 3.39 
Table A30. Average Intragranular Alpha Volume Percent (PP), Standard 
Deviation ( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 
820oC for 30 minutes and aged at 730oC for subsequently increasing times. 
time(min) PP σ(VV) Acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
7 0.00 -- -- 
10 0.00 -- -- 
12 0.00 -- -- 
15 0.00 -- -- 
20 0.00 -- -- 
35 0.02 0.08 14.39 
40 0.02 0.08 14.39 
50 0.07 0.17 9.94 
60 0.28 0.28 4.56 
70 0.49 0.48 4.47 
80 0.75 0.59 3.59 
100 0.88 0.61 3.16 
195 2.09 1.02 2.22 
210 2.31 0.94 1.85 
220 2.65 1.08 1.86 
250 2.60 0.82 1.43 
285 2.73 0.73 1.22 
315 2.70 0.66 1.11 
330 2.67 0.80 1.36 
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Table A31. Average Intragranular Alpha Volume Percent (PP), Standard 
Deviation ( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 
820oC for 30 minutes and aged at 715oC for subsequently increasing times. 
time(min) PP σ(VV) Acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
5 0.00 -- -- 
10 0.00 -- -- 
12 0.00 -- -- 
15 0.00 -- -- 
25 0.05 0.16 14.04 
35 0.10 0.18 8.21 
40 0.18 0.27 6.84 
50 0.36 0.32 4.05 
60 0.78 0.32 1.87 
91 3.01 0.66 1.00 
126 7.16 0.62 0.39 
133 8.01 1.09 0.62 
200 10.12 0.71 0.32 
430 10.38 0.55 0.24 
Table A32. Average Intragranular Alpha Volume Percent (PP), Standard 
Deviation ( )V( Vσ ) and Accuracy (acc(%)) of TIMETAL LCB Solution Treated at 
820oC for 30 minutes and aged at 700oC for subsequently increasing times. 
time(min) PP σ(VV) Acc(%) 
0.5 0.00 -- -- 
1 0.00 -- -- 
5 0.00 -- -- 
7 0.00 -- -- 
10 0.00 -- -- 
12 0.00 -- -- 
15 0.00 -- -- 
20 0.00 -- -- 
25 0.20 0.42 30.31 
30 0.28 0.37 19.07 
40 0.75 0.56 10.77 
45 1.30 0.72 7.99 
50 1.58 0.83 7.58 
55 2.34 0.78 4.81 
60 3.12 0.88 4.07 
80 8.66 1.01 1.68 
125 9.86 1.46 2.13 
200 10.77 1.71 2.29 
 
